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ABSTRACT
Enhancing Microstructure, Composition Homogeneity, and Mechanical Properties in Laser Powder Bed

Fused Metallic Alloys: Design, Fabrication, and Evaluation

Behzad Farhang, Ph.D.

The University of Texas at Arlington, 2023

Supervising Professor: Narges Shayesteh

Over the past five decades, Nickel-based and Titanium-based alloys have become increasingly
popular materials. As the manufacturing industry for these alloys has advanced, the demand for fabricating
complex parts with enhanced mechanical properties at elevated temperatures has grown. Laser Powder Bed
Fusion (LPBF), one of the most prevalent additive manufacturing techniques, has been employed
successfully to produce these alloys. Nonetheless, there is still considerable effort being made to improve
the microstructural, compositional, and mechanical properties of LPBF-processed components. In this
study, we focused on adjusting the multi-scale microstructure and composition of LPBF-fabricated Nickel-
based and Titanium-based alloys. The first objective of this study was to investigate the spatial variation of
microstructure, composition, and metallurgical properties in LPBF-fabricated samples. Our findings
revealed that the properties of LPBF-processed parts vary across different heat-affected areas due to
differences in heat transfer modes. To regulate the cooling rate, we fabricated cubic samples surrounded by
cubic borders in the second study. The results showed deeper melt pools in the samples fabricated with
borders compared to those without. Additionally, we observed a lower level of porosity and higher hardness
values in the samples surrounded by borders. In the third study, we aimed to find the optimal gap value
between the main sample and the border by considering a wide range of gap values. According to our
findings, the smallest gap value resulted in a more homogeneous microstructure, increased ductility, and

greater tensile strength. Furthermore, we achieved in-situ microstructure adjustment through martensitic



decomposition for the samples fabricated with borders. The method used in this study proved to be capable
of expanding the possibilities for in-situ property optimization of LPBF-processed products, presenting an

alternative solution to post-processing techniques.

Vi
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1. INTRODUCTION

1.1. Motivation

Additive manufacturing (AM) has emerged as a highly versatile method for fabricating parts with
intricate geometries. Utilizing AM techniques, near net shape dense parts with mechanical properties
comparable to those of conventionally fabricated samples can be produced. However, structural defects and
anisotropic behavior may arise in certain cases, necessitating optimization of the manufacturing process
through vigilant material characterization.

Microstructural analysis is a comprehensive method employed to predict the properties of
fabricated parts and identify the origin of defects, while compositional analysis provides insights into the
phases present within the products. A strong correlation exists between the microstructure and composition
of parts and their metallurgical and mechanical properties. In the context of AM, this relationship becomes
even more complex and critical, as it directly influences the manufacturing process.

The microstructure and composition of AM parts are affected by various process parameters,
encompassing energy source features (such as laser parameters), feedstock materials, layer thickness,
fabrication atmosphere conditions (e.g., temperature), and process physics (including heat transfer modes).
Consequently, the properties of the final part result from the interplay of all these process parameters, which
collectively determine the microstructure and composition of the sample.

To optimize AM-produced parts, not only should laser process parameters be considered, but
fabrication design and heat transfer conditions must also be accounted for during manufacturing. This study
examines the microstructure, composition, and subsequent metallurgical and mechanical properties of parts
fabricated using the Laser Powder Bed Fusion (LPBF) technique, a widely employed AM method. By
concentrating on heat transfer conditions, the concepts and effects of fabrication parameters on the
microstructure and composition of parts are discussed and evaluated.

The fabrication design is optimized by controlling the cooling rate and heat transfer modes, aiming

to achieve a more homogeneous microstructure and composition throughout the part. This optimization



leads to desired mechanical properties and a reduced level of defects, thereby significantly enhancing the

quality and performance of LPBF-produced parts.
1.2. Objectives

This work primarily focuses on material characterization to manage the microstructural,
compositional, and mechanical properties of samples fabricated using the LPBF technique on an EOS M290
metal 3D printer machine. Microstructural, compositional, and hardness analyses were performed on the
fabricated parts to anticipate their mechanical properties, followed by mechanical testing to evaluate the
validity of the results. In this study, three main objectives were pursued: (1) Investigate variations in
microstructure and metallurgical properties across different heat-affected zones of LPBF-processed parts,
aiming to understand the impact of these variations on the overall properties of the fabricated components.
(2) Control the microstructure, composition, and metallurgical properties across the cross-section of the
parts to ensure consistent quality and performance throughout. This objective encompasses understanding
the relationship between process parameters and material properties, and leveraging this knowledge to
create a more uniform distribution of properties within the part. (3) Implement in-situ optimization of
microstructure, composition, metallurgical, and mechanical properties using a novel design for fabrication.
This objective seeks to develop and apply innovative techniques for controlling and optimizing the
properties of LPBF-produced parts during the fabrication process, ultimately enhancing the quality and

performance of the final components.

1.3. Approach

In the beginning, a detailed literature review was conducted on the properties of Nickel-based and
Titanium-based alloys. The LPBF method and its features compared to the conventionally manufacturing
techniques was discussed in parallel. Following that a set of samples was fabricated using the LPBF
technique. After the successful fabrication of the samples, microstructural and compositional tests were
performed to investigate the variation of properties among different areas of the sample. Following that,

microstructure and composition homogeneity across the cross section of the LPBF fabricated parts was



evaluated by fabricating cubic borders surrounding the main samples. Similarly, optical and electron
microscopy, X-ray diffraction analysis and hardness measurements were conducted on samples. Using the
same methods and by extending the range of gap space between the border and main part, the in-situ
microstructure and composition adjustment for the LPBF processed parts was investigated. Finally,
mechanical testing was performed to support the effect of borders on the microstructural homogeneity level

and elements distribution variation observed for the samples.

1.4. Qutline

This study is organized into six chapters, beginning with Chapter 1, which presents the motivation,
objectives, and approach of the investigation into the microstructural, compositional, and mechanical
properties of samples fabricated using the LPBF technique. Chapter 2 provides a comprehensive literature
review on Nickel-based and Titanium-based alloys, as well as an in-depth discussion of the LPBF method
and its applications. In Chapter 3, the focus is on analyzing the spatial variation of microstructure,
composition, and mechanical properties in LPBF fabricated parts. Chapter 4 delves into the evolution of
microstructure and composition homogeneity across the cross-section of LPBF processed samples,
examining the impact of processing parameters on homogeneity. Chapter 5 evaluates in-situ microstructure
and composition optimization techniques for LPBF fabricated parts, including the presentation of
mechanical testing results to validate optimization approaches. Finally, Chapter 6 concludes the study by
summarizing the findings and offering recommendations for future research to complement and expand on
the results presented in this work.
1.5. Contribution

Throughout the study, the following contributions will be made: (1) Gaining a comprehensive
understanding of material characterization and the applications of microstructural, compositional, and
mechanical analysis tests in the context of LPBF-fabricated parts. (2) Investigating variations in
microstructure and metallurgical properties across the cross-section and height of LPBF fabricated parts,

providing valuable insights into the factors influencing these properties and how they can be optimized. (3)



Implementing an innovative design in fabrication to achieve desired properties, along with a higher level
of homogeneity in microstructure and composition for LPBF-manufactured parts. This will be
accomplished by controlling the cooling rate and in-situ phase transformations, resulting in improved
component quality and performance. (4) Performing mechanical testing on LPBF samples fabricated using
the proposed method to validate the microstructural and compositional results, confirming the effectiveness

of the optimized fabrication approach in enhancing the properties of the final parts.



2. BACKGROUND AND LITERATURE REVIEW

2.1. Nickel-based and Titanium-based alloys
2.1.1. History

Nickel-based (Ni-based) alloys are one of the widely-used superalloys known for their high strength
and corrosion-resistance at elevated temperatures. They are usually comprised of several elements (up to
ten) including carbon or boron or heavier elements such as tungsten, tantalum or rhenium. Due to
maintaining their properties even at temperatures near their melting points, they are considered as suitable
materials for high temperature applications. Because of this feature, Ni-based alloys have been employed
in different industries such as aerospace, automotive and power generation applications since 1950s [1]. In
this study, the focus would be on two widely used Ni-based alloys: Nickel-Titanium (NiTi) and Inconel

718.

NiTi, as one of the commonly-used Ni-based alloys, has been employed in many research studies
and different industries. This alloy is formed of nearly equal atomic amount of Nickel (Ni) and Titanium
(Ti) (49-51 mol percentage of Ni). Along with perfect mechanical properties, NiTi has unique features that
has drawn much attention from researchers. The capability of recovering its original shape after deformation
(known as shape memory properties), high level of superelasticity (returning to original state after
unloading the plastic deformation) and good damping properties are specific mechanical properties can be
found in NiTi. These features have made this alloy a perfect option to be used in biomedical applications
and components like stents, guide wires, orthodontic wires and endodontic reamers [2, 3]. Due to its

features, NiTi was chosen as one of the most-widely alloys to be studied in this research.

Developed by the International Nickel Company in 1960s, Inconel 718 (i.e., IN718) has been
utilized as an age-hardening Ni-based superalloy [4, 5]. In addition to its good weldability properties, this
superalloy is insensitive respect to the strain-age cracking. Due to its excellent mechanical and chemical

properties at extremely low and high temperatures, an extensive range of working temperature (-257 °C to



704 °C) has been reported for IN718 [6-10]. Its high corrosion and creep resistant at elevated temperature
(even close to the melting point) along with high strength accounts for a specific feature for this alloy [11,
12]. Because of these properties, IN718 has been widely employed in high temperature applications like
gas turbines, combustion chambers, aircraft engines and nuclear power plants [5, 13, 14]. Moreover, as this
alloy is comprised of high amount of economical elements such as Fe and Co, it is commonly used in the
oil and gas industry [15-17]. This is why IN718 accounted for around 35% of all the superalloys produced
in the 1980s and nowadays it is used in almost half of the engines [18]. For this reason, IN718 was selected
as one of the Ni-based alloys for this study.

Titanium-based (Ti-based) alloys were first developed in 1940s to be used in aeronautical
applications. It was about the same time that they were used in biomedical industry for the first time [19].
Due to their high specific strengths, Ti-based alloys are appropriate materials to be employed in aerospace
applications. Except for the temperatures below 300 °C dominated by carbon fiber reinforced plastics, Ti-
based alloys have the highest specific strength among all the commercial materials used for the high
temperature conditions [20]. However, their remarkable features are not limited to the high temperature
applications. Because of their excellent creep and corrosion resistance, low thermal coefficient of
expansion, and their biocompatibility properties, they are also utilized in non-aerospace applications [20].
In this case, commercially pure Titanium (known as CPTi) and Ti-6Al-4V are two predominant Ti-based
alloys which have been used in biomedical implants [19].

Ti-6Al-4V (known as Ti64), one of the most popular Ti-based alloys, accounts for almost the half
of the market share of Titanium alloys utilized around the world today. This alloy was originally designed
for aircraft applications in 1950s. Ti64 provides strength and lightness at the same time and therefore it is
used in highly loaded structures to reduce the weight. In this case, Ti64 is employed in the components of
gas turbines, jet engines and airframe structures [21-25]. Although, this alloy is mostly being used in
aerospace applications, it has also been drawn the attention of automotive and biomedical industries during
the 50 years ago [22-24, 26]. Ti64 is well-known for its lightness, high strength and corrosion resistance.
These features along with its biocompatibility has made it a proper option for using in bridges and implants

6



[27-32]. Also, because of its resistance to most corrosive acids, Ti64 has applications in marine and
chemical industries [31, 33-35]. Therefore, a part of this study will be on properties of Ti64 as one of the

widely-employed Ti-based alloys.

2.1.2. Ni-based alloys microstructure

The microstructure of Ni-based alloys mainly depends on the phase compositions of these alloys.
However, as the main element is Ni, the basic structure of Ni-based alloys is FCC with variation of other
phases which form a multi-phase structure. In this case, formation of secondary phases like precipitation of
v’ (NizAl), y"" (NisNb) and Cr23Cs among grain boundaries results in different properties and level of defects.
In addition to Ni, these alloys may contain elements including a dozen of atomic components varying from
1% to more 50%. The mechanical properties, corrosion resistance and durability of Ni-based alloys are
dependent of this multi-phase microstructure [36].

NiTi alloy, one of the commonly used Ni-based alloys, has a very narrow composition range, with
nearly 1 to 1 atomic ratio. As a biomaterial, this alloy has a specific transformation temperature. The
austenitic phase (A phase) forms at elevated temperature, with the phase corresponding to the lower
temperature is called martensitic phase (M phase). As depicted in Figure 2.1(a), during the temperature
reduction from A phase, the martensitic transformation starts at Ms (1) and the process of transformation is
completed at Ms (2). Conversely, during the temperature rising from M phase, austenitic transformation
starts at As (3) and the process finishes at Ar (4). From the crystal structure point of view, as shown in Figure
2.1(b), when the alloy is cooled in the A phase under Ms, it experiences transformation to the M phase with
somewhat straining; however, the morphology is not changing. When the alloy experiences an external
load, deformation occurs through formation of a twin, with the relative configuration of atoms is being kept.
As a consequence, when the alloy is being heated again, the crystal structure returns to its original state and
morphology. The properties of the NiTi alloy change based on the transformation temperature and it is then

affected by the alloy composition, level of impurity, and its thermal history [37].
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Figure 2.1.Transformation of NiTi alloy and its shape memory effect mechanism [37]

IN718, one of the other widely-used Ni-based alloys, is made of several elements including Ni as
the main element and Chromium, Aluminum, Molybdenum, Titanium, Cobalt, and Niobium [38]. These
phases can precipitate at different levels during the alloy processing and brings about desirable properties
depending on the application requirements. The main phases of IN718 alloy are vy, y’, v”, 6, MC and laves,
with their crystal structure and chemical composition being reported in table 2.1.

Table 2.1.The phases commonly seen in IN718 [38].

Phase Crystal structure Chemical formula
Y Face Centered Cube Ni
Y Face Centered Cube Nis(Al, Ti)
v’ Body-Centered Tetragonal NisNb
d Orthorhombic NisNb
MC Cubic (Nb,Ti)C
Laves Hexagonal (Ni,Fe,Cr)2(Nb,Mo,Ti)

Among these phases, the gamma (y) phase is the main phase of IN718 since it is made of Ni which
forms matrix with the FCC crystal structure [39, 40]. However, the mechanical properties of IN718 is

function of the secondary phases which are derived from the main y phase. The gamma prime (y') phase is



one of the most important secondary phases of IN718 which with its FCC structure accounts for an
strengthening phase of the alloy [41]. This phase stabilizes the alloy against dissolution through
homogeneously precipitation in the matrix. Gamma double prime (y") phase is the one of the other major
secondary phases which strengthens the material with its BCC structure [42]. Among these two secondary
phases, y" phase has higher strengthening properties compared to v’ phase [43]. Delta phase (3) is the other
secondary phases of IN718 which with its orthorhombic crystal structure accounts for a thermally stable
phase of the alloy. It has been revealed that formation of this phase is detrimental for mechanical properties,
as precipitation of this phase results in lower yield and tensile strength of the alloy [44, 45]. It should be
noted that this phase also deteriorates the ductility of the alloy as well. However, low quantity of this phase

is proved to be useful for improving the creep fracture resistance properties [39, 44, 46].

2.1.3. Ti-based alloys microstructure

Titanium has two main phases: o and B. Ti-based alloys can be categorized into a type, a+f type,
or B type based on the composition of the alloy. o phase has hcp structure while B forms in BCC [47].
Reduction in a phase results in lower rigidity of the alloy, therefore Ti-based alloys with higher quantity of
B phase are commonly used in trauma implants [48]. Titanium alloys with high quantity of p phase (such
as Ti—29Nb—4.6Zr-13Ta, Ti-15Mo-5Zr-3Al, Ti-35Nb—-7Zr-5Ta) have relatively high corrosion resistance
and ductility in respect to the a+p type alloys [49, 50]. It has been revealed that the microstructure of a+f
type Titanium alloys can be tailored to bring about Ti-based alloys with lower level of rigidity and superior
mechanical properties for use in biomedical applications [51, 52].

Ti64, one of the (o + B) type Ti-based alloys, contains Al as the a stabilizer and V as the 3 stabilizer.
When this alloys is processed through casting, the microstructure contains transformed  phase including
acicular o phase and o phase formed at the prior B grain boundaries. However, the annealed Ti64 usually
includes equiaxed a phase within intergranular  [53]. Since Al and V elements act as o and P stabilizer
respectively, Ti64 alloy can provide a wide range of ductility and mechanical strength through adjusting

the composition of this alloy.



Regradless of the manufacturing technique, the phase transformation in Ti64 accounts for the major
factor which determines the properties of this alloy. In this case, thermal history and cooling rate induced
by the manufacturing process specifies the decomposition and formation of the phases in Ti64 [54]. When
the alloy undergoes a relatively fast cooling rate from temperatures above the B transus, 3 phase is
decomposed to form the a + 3 matrices. If material experiences a higher cooling rate, then the resultant will
be a fully martensitic microstructure known as needle shape o' phase. This phase is one of the variants of
a phase which provides high level of strength for this alloy [55].

The phase diagram of Ti64 alloy [56] is shown in Figure 2.2(a). During a complete melting and
solidification process, Ti64 undergoes several phase transformations (o + 3 — B liquid—f — a + p/a’). As
discussed, formation of fully martensitic o’ phase occurs through a specific thermal condition. When the
cooling rate is fast enough and the temperature during manufacturing process is below the start temperature
(Ms), the o’ phase forms in the microstructure. According to the previous studies, a range of the Ms
temperature has been reported for Ti64 (from around 575 °C [57] up to 800 °C [53, 58]). This variation is
due to the different initial thermal condition, composition and level of purity of the elements observed for
Ti64, as these factors have impact on Ms temperature [53, 59]. This variation has also been reported for the
the B transus temperature.

As it is illustrated in Figure 2.2(b), formation of o' phase occurs only within a specific range of
solidification rate [57]. When the solidification rate is higher than 410°C/s, a fully martensitic
microstructure forms. However, an incomplete formation of o’ phase happens when the cooling rate is lower
but still higher than 20 °C/s, with no o’ phase forming under cooling rate lower than that [57]. Therefore,
microstructure and mechanical properties of Ti64 alloy can be optimized through controlling the cooling
rate which material experiences during the manufacturing process. For the cases that thermal conditions

cannot be changed, post-treatment is a requirement for obtaining the desirable properties.
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Figure 2.2.(a) Phase diagram of Ti64 alloy [56] (b) Effect of cooling rate on Ti64 phase transformation
[57].

2.1.4. Conventional manufacturing of Ni-based and Ti-based alloys

Polycrystalline wrought alloys are considered as the first-generation Ni-based alloys. After
developing the vacuum melting, cast Ni-based alloys became popular. With further progress in casting
techniques, manufacturing of single-crystalline high-strength alloys was developed. Following that, powder
metallurgy (PM) of Ni-base alloys was established during 1960s [60]. When it comes to the manufacturing
of components that cannot be made through ingot metallurgy, conventional PM can be a proper option. In
this case, hot isostatic pressing (HIP) following by forging is applied after PM when uniform grains and
high level of homogeneity and density are needed [1]. It wasn’t before 1908s when metal injection molding
(MIM) of Ni-based alloys was introduced as a novel manufacturing technique [61]. MIM is a near-net shape
process which can be used as an automated method for fabrication of Ni-based alloys in large quantities.
By preventing the macro-segregation which usually occurs in other techniques, MIM provides parts with
relatively good mechanical properties and uniform microstructure. Also compared to other conventional

techniques, this method saves time and fabrication costs [1].

Although there are several manufacturing techniques that can be used for fabrication of Ni-based
alloys, still some challenges and limitations exist in these methods. As mentioned in the previous section,

Ni-based alloys have specific features which make them suitable for high temperature applications.
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However, these properties also make them difficult-to-cut alloys as a high level of stress and temperature
is generated during their machining process [62]. Compared to stainless steel, the machinability of Ni-based
alloys is only 8 to 21% which brings about challenges in machining [63]. Another issue is that Nickel alloys
undergoes work hardening during the machining process. Moreover, the machined surfaces show gummy
and adhesive behavior for Nickel alloys [64]. These challenges have motivated manufacturers to use

Additive Manufacturing (AM) techniques for fabrication of Ni-based alloys [65].

Manufacturing of Ti-based alloys (particularly Ti64), despite its high demand, is still a challenging
process. Their low thermal conductivity [66], tendency to strain hardening [67, 68], and high chemical
reaction with Oxygen [69] bring about difficulties in the fabrication process. These properties along with
high-temperature strength, low Young’s module, and high level of stress at the cutting tool edges make the
Titanium alloys machining difficult. Generation of high temperatures, formation of buildup edges, and tool
wearing occur during the machining process which thereby affect the quality of the final part [70]. Ti64 is
one of the Ti-based alloys which can be processed through conventional manufacturing techniques. In this
case, fabrication of Ti64 relies on casting, forging and rolling of bulk materials and therefore machining
process is inevitable for the final shape of the products. As a result, waste of the material in large amount
along with the high manufacturing costs and long processing time would be unavoidable [71, 72]. Under
such circumstances, AM technology which offers advantageous capability for manufacturing of Ti64

components with shape complexities, would be the best solution [24, 71, 73].

2.2. Metal Additive Manufacturing
2.2.1. Introduction and History

Metal Additive Manufacturing (MAM) is an extremely promising method capable of fabricating
complex geometries of metallic alloys as well as composites [74]. This manufacturing technique which is
historically called rapid prototyping, includes several manufacturing technologies in which the materials
are deposited layer by layer to form the final part [4]. The first step of MAM process is preparation a

computer-aided design (CAD) model of the part. At the next step, the CAD model is sliced and stored
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usually in STL format and then is fed into the AM machine to be printed in successive layers and correct
region [5]. Generally, there are four main components in the MAM process [6]:
1. A CAD model of the part
2. The raw materials which can be in smallest possible form of liquid droplets, wire, or mainly powder
3. Atool which is used to set the materials in the correct position
4. Adigital system to control the tool which lays the materials layer-by-layer to form the geometry of
the part.

These components utilized in the MAM process, result in a unique technique different from
traditional formative or subtractive methods. This unique freedom in fabrication of single parts, alloys,
composites and hybrid structures with even complex geometries arises from the layer-by-layer
manufacturing method that can be controlled to provide high precision parts which is not achievable using
the traditional processes. [11, 75]. However, it is not very long time that MAM techniques has been fully
used in different industries from prototypes to products [15]. Nowadays, this manufacturing process is
widely used in aerospace and automotive industry for fabrication of complex-shaped components [18, 76,
77], biomedical industry to build supporting devices like implants and prosthetic elements [38, 78-80], food
and drug industry to manufacture equipment [6] and even international space stations to make parts and
components [39].

2.2.2. Advantages and Challenges

MAM process, like other conventional manufacturing techniques, has its own benefits and
drawbacks. Compared to the other methods, some of the advantages of MAM technique can be listed below
[6]:

o Direct conversion of design to part

o Fabrication of parts with customization option and without need for any special tools or additional
costs

e Producing complex geometries with internal features using a functional design

e Manufacturing of lightweight parts with lattice pattern or hollow structure
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o Near net shape production of components with approximately no extra cost

e Efficient in manufacturing and minimum waste in raw materials

e A substantial reduction in manufacturing time which results in rapid transfer to market
o Capability of fabrication of various components due to less operational contribution

e On-demand fabrication

o  Ability of scalability

However, there are still limitations in the speed of fabrication and reducing the manufacturing costs.
In some cases, the required time to fabricate parts using MAM methods is still too long for mass production
[15]. Also, although the quality and mechanical properties of the metal additive manufactured parts are
comparable with conventional methods, MAM is still not the best option for fabrication of high-quality
parts in special cases. Porosity is one major problem of metal additive manufactured parts and can affect
the mechanical properties [40-42]. Therefore, as a manufacturing technique, improvement in the MAM
processes is required to reduce the limitations and drawbacks. Understanding the concepts and physics of
processes applied in MAM methods is the key to make considerable progress.

Based on the demand for manufacturing parts with complex geometries in high resolution, different
MAM methods have been developed. Progress in fabrication of large parts with minimum defects and
acceptable mechanical properties has been made by modification of MAM techniques and through
introducing different methods [15].
2.2.3. Classification of Metal Additive Manufacturing Technology

Metal additive manufacturing (MAM) techniques can be categorized based on the source of the
energy employed during the fabrication. Laser-based, ultrasonic-based, and electron-based methods
account for the main MAM techniques. Laser-based MAM, which is the focus of this thesis, can be further

classified into three main fabrication methods: powder-bed based, directed enrgy deposition, and sheet
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lamination. The detailed categories of each method is shown in Figure 2.3. Since the powder-bed based

method has been employed to fabricate all the samples in this thesis, the focus will be on this technique.

Laser Based Additive Manufacturing (LBAM)

et ; Directed Energy L
Powder-Bed Fusion Deposition (DED) Sheet Lamination
| | Selective Laser || Direct Metal Lﬁ;ﬁ?}:gnggzﬂ
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Figure 2.3.Classification of Laser-Based Additive Manufacturing techniques [81-83].
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2.2.3.2. Powder bed-based technique

In powder bed-based technique, a recoater is used to distribute a layer of powder on the building
plate. Then the powder is melted and fused by applying the laser power. The laser scans each layer of
powder based on the computer-aided design (CAD) model of the part which is transferred to the machine.
The unprocessed powder acts as a support for the next layer. The build plate drops dwon by one layer and
a fresh layer of powder is distributed by the recoater. This process repeats layer by layer until the part is
manufactured [84, 85]. A schemiatic of this manufactrung technique is illustrated in Figure 2.4, with all the
main components being labeled on the figure. There are different types of powder bed-based methods which
are commonly used to fabricate parts based on the application requirements. Selective laser sintering (SLS),
Direct metal laser sintering (DMLS), Hot isostatic pressing (HIP), Laser micro sintering (LMS), and
Selective laser melting (SLM) are considered as main powder bed-based techniques. Table 2.2 compares

the capabilities and resolution of these techniques.
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Figure 2.4.Powder bed-based AM techniques [84].
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Table 2.2.Different types of powder bed-based AM techniques [86].

L . .
Powder-bed _ayer Common Materials Resolution Laser type
Thickness
. . , Nd:YAG, fi
SLS 100-300um Almost all metallic materials > 100 pm €Oz Nd .G Iber
lasers, and disc lasers
. CO,, Nd:YAG, fib
SLS/HIP  100-300um Inconel 625 superalloy, Ti64 > 100 um 2 v, TIDET
lasers, and disc lasers
Steel alloys, stainless steel, tool
steel, aluminum, bronze, cobalt- .
DML 20- ’ o T ~ , F
S 0-50 pim chrome, (Fe,Ni)-TiC composites 20 pm CO., Fiber
and titanium
LMS 1-10 pm Steel, silver and copper <30 um Q-switched Nd:YAG

in TEMOO mode

Stainless steels, aluminum,
copper, iron, cobalt chrome,
SLM 20-100 pm titanium, Ni-based alloy, and a ~20 pm Nd: YAG
mixture of different types of
particles (Fe, Ni, Cu, and FesP)

In this study, we used an SLM 3D printer machine to fabricate Ni-based and Ti-based alloy samples.
For the fabrication method, laser powder bed fusion (LPBF) terminology has been used throughout the text

as it conveys the general manufacturing technique.
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3. SPATIAL VARIATION OF MICROSTRUCTURE, COMPOSITION, AND MECHANICAL
PROPERTIES IN LPBF PROCESSED PARTS

3.1. Introduction and overview

Nickel-Titanium (NiTi) is part of a larger group of alloys appropriately named Shape Memory
Alloys (SMA) that constitute metals that can recover their shape after large deformations up to 8% in the
case of NiTi [1]. Due to various unique and advantageous properties including, high damping, corrosion
resistance, excellent biocompatibility, ductility, and strength, NiTi has garnered attention in industries as
widespread as biomedical, automotive, and aerospace [2-5,41,42]. However, the main limitation preventing
the common use of NiTi in these industries is attributed to its poor workability due to its high strength,
ductility, and high work hardening [1]. In facilitating the manufacturing of NiTi, many fabrication
techniques have been used in the past to produce the alloy including casting and powder metallurgy, but
both suffer from poor complexity and control of size and porosity of the finished part. With the growth of
the field of additive manufacturing, this technology has become a clear contender for the fabrication of NiTi
[6]. Additive manufacturing is a wide field with various technologies including powder bed, powder feed,
and wire feed machines and techniques using these technologies including LPBF, Laser Engineering Net
Shaping (LENS), and Electron Beam Additive Manufacturing (EBAM) [7]. LENS and EBAM offer
reduced production times and greater mobility, but they also require increased post-process machining and
do not meet the same tolerances of parts produced via LPBF [8]. As such, LPBF is the technology utilized

to produce samples for this paper.

The mechanical properties of NiTi are strongly linked to microstructure properties including grain
size and orientation, melt pool size, density of dislocations, and presence of defects such as porosity [6].
These microstructure features are of immense interest in the material science community and how each are
affected by additive manufacturing processes such as LPBF. Of great importance is having an
understanding of how the microstructure features affect the mechanical properties of NiTi. According to
Watanabe et al. [9], the number of randomly oriented grain boundaries directly affects the propensity for a

material to be brittle or ductile. More randomly oriented grain boundaries correlate with higher levels of
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brittleness while lower counts of randomly oriented grain boundaries correspond with more ductile
materials due to the more difficult task of a crack traversing long boundaries at a time. Due to the number
of instances of grains in a given part, larger grains that occupy more space will have lower amounts of grain
boundaries while the opposite is true for smaller grains. Additionally, according to Frazier et al. [8], grain
structures in LPBF-fabricated parts were found to be mostly columnar with epitaxial grain growth from the
preceding fabrication layer. Kok et al. [10] attribute the anisotropic mechanical properties commonly found
in additive manufacturing to this grain morphology noting an average loss in directional yield strength of
approximately 5% when comparing tests performed in the build direction versus those performed
perpendicular to the build direction. Bormann et al. [11] found that one of the printing parameters
responsible for grain structure was the laser power. With increasing power, the grain structure became more
elongated and structured as opposed to laser powers below 80 W producing grains with shorter, more
random structures. Another aspect of LPBF that must be taken into consideration is manufacturing defects.
Micro porosity is typically introduced via gas entrapment during the melting and cooling process [12].
Choong et al. [13], relates percentage of micro porosity present within a part to its ultimate tensile strength
noting that there is a correlation between higher micro porosities and lower ultimate tensile strengths. Even
the composition of the metal powder used in the LPBF process affects the resultant mechanical properties.
Shiva et al. [14], found that of Ni55Ti45 (at.%), Ni50Ti50 (at.%), and Ni45Ti55 (at.%), the higher the
composition of Titanium, the lower the value of the modulus of elasticity and ultimate tensile strength.
Micro-precipitates formed through heated aging of NiTi were found by Karaca et al. [15], to have a
significant effect on the transformation temperature and hardness. Higher values of transformation
temperatures were found in specimens aged at lower temperatures versus those aged for the same time but
at higher temperatures. Additionally, samples aged at a lower temperature were found to have a higher
value of Vickers Hardness attribute to low density, coherent precipitate formation. Clearly, the process
parameters of the LPBF technology need to manipulate these material properties to adapt to the desired

attributes warranted by the application.
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Although additive manufacturing as a whole has advanced the ability to produce NiTi parts, there
are distinct differences between parts fabricated by conventional methods and those fabricated by additive
manufacturing. This difference mainly lies in heterogeneity caused by layered fabrication and thermal
gradation. Li et al. [16] found that the average temperature difference between the center of melt pools
created by the laser of approximately 884 °C is only approximately 64.55 pm. Shayesteh Moghaddam et al.
[17] attributed this temperature gradient to various heat transportation modes including conduction of heat
throughout the powder bed, from the powder bed to the base plate, and convection of heat from the powder
bed to the environment, typically flowing argon gas. Kok et al. [10] researched the specific anisotropic
properties in additively manufactured parts. They specifically noted that the columnar and epitaxial grain
growth found in LPBF parts is attributed to the build direction and more specifically due to the re-melting
of the previous layer during the melting of the current layer of powder. These columnar grains were labeled
as a factor in the anisotropic ductility values between vertical and horizontal directions based on the build
orientation of the LPBF fabricated part. Even final material composition is a necessary consideration due
to the evaporation found during the LPBF process. Bormann et al. [11] found that the amount of Ni
evaporation was a function of exposure time, affected by the scanning speed of the laser. As exposure time
increases, the amount of Ni evaporation increases but the rate of evaporation drops off as exposure time
increases as well suggesting an exposure time dependency function for Ni evaporation. With these large
variations in microstructural properties within an LPBF fabricated part, the understanding of these

differences compared to conventional manufacturing methods is critical in efficient and effective designs.

The following study is the first of its kind in attempting to characterize the variations of
microstructure properties throughout samples of NiTi fabricated by LPBF. To this end we had several
samples fabricated with a single set of processing parameters. These samples were then cut and analyzed
from the top view to observe the areas near and away from the edges. Similarly, observing the samples
from the side, the areas near and away from the substrate were analyzed. Next, we evaluated several

microstructural and metallurgical properties of the samples including grain structure, melt pools, precipitate
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formation, and defects such as cracks and un-melted powder. Through the use of Energy Dispersive XRay
Spectroscopy (EDS), Secondary Electron Microscopy (SEM), X-ray Diffraction (XRD), and Vickers
Hardness Tester, results were produced to detail the variations in each of the analyzed samples and to

summarize the study and produce conclusions in the material properties.

3.2. Fabrication and experimental procedure
3.2.1. Materials and fabrication

An EOS M290 DMLS metal 3D printer (EOS GmbH Electro Optical Systems, Germany), equipped
with a 400 W Ytterbium fiber laser, was employed for the LPBF fabrication of a series of specimens from
pre-alloyed Nisg 7Ti s0.3 at. % powder material. The overall dimensions of the test specimens were: length
of 30 mm, width of 15 mm and height of 15 mm. For the current study, in order to produce LPBF NiTi
parts, laser power (P) of 250 W, scanning speed (v) of 1.25 m/s, and hatch spacing (h) of 120 um have been
used to melt each layer of NiTi powders with 30 um thickness (t). These LPBF processing parameters have
been selected according to previous studies on the fabrication of LPBF Niso1Tis0 at.% [17] (Note: The
slight difference in the material composition was neglected). The supplied energy from laser beam to

volume of powder was calculated as 55.5 J/mm? using the energy density equation:

Pnom
E. =
Y vhd

Where Ev (J/mm?) is the energy input, Prom is nominal laser power, v (mm/s) is scanning speed, h

(mm) is hatch distance and d (mm) is layer thickness.

3.2.2. Experiment method

A Hitachi S-3000 N Variable Pressure SEM microscopy was used to reveal the microstructure of
the sample by producing all SEM and EDS tests in this study. For sample preparation, prior to mounting,
the sample was ultrasonically cleaned, rinsed, and dried with compressed air to remove any oil or debris
from sectioning or handling. Then, the LPBF fabricated sample was mounted on epoxy resin and hardeners.

Grinding and polishing of sample were performed by Allied E-prep 4TM with power head in individual
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force mode. Grinding was conducted with a series of silicon carbide (SiC) abrasive discs (320-1200 Grit
size). After each grinding step, the sample surface was inspected using the metallographic microscope XJP-
H100 (Amscope, Irvine, CA) to ensure the scratch pattern was uniform. Removal of deformation caused
by grinding was accomplished using 1 um diamond suspension on DiaMat polishing cloth with GreenLube
lubricant. Final polishing was performed with 0.04 um colloidal silica suspension on a Chem-pol polishing
cloth. To remove debris and abrasive particulates after each grinding and polishing step, the platen was
wiped with water and spin-dried. The sample and fixture were cleaned with micro organic soap, rinsed with
isopropyl alcohol, and then dried using compressed air spray. Before the microstructural analysis, the
sample was etched by Kroll’s Reagent (1-3 mL HF, 2-6 mL HNO3, 100 mL water). Crystal and
compositional structures of the sample were determined using Bruker D8 Advance Xray diffractometer.
The x-ray source was Cu k-alpha and measurements were made at room temperature with wavelength of
1.5406 A, step intervals of 0.04° in 20 between 30° and 80° and speed of 1 s/step. The Vickers hardness of
samples was measured by LECO LM 300 AT Micro Hardness Tester under 100 g loads which were applied

for 10 s. At least 3 indentations were done to report the average humber for each point.

3.3. Results
3.3.1. Microstructural analysis
3.3.1.1. Grain structure and grain size

Figure 3.1 a and b show SEM Micrographs focusing areas near the surface of the sample and away
from the surface, respectively. In the area near the surface, equiaxed grains with smaller sizes of
approximately 5 um can be observed. However, as the focus moves towards the center of the sample, the
grain size starts to increase. Looking at the area away from the surface, larger grains formed in cellular
structure. The size of the grains can be found at the area away from the surface is approximately 5 times

larger than those formed near the surface.
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Figure 3.1.SEM Micrographs of top view of grain structure of areas a) near the surface and b) away
from the surface.

When it comes to the side view, our observation is focused on two different areas, near and away
from the substrate. Observing the area near the substrate, particularly at the melt pool boundaries, grains
with more equiaxed structure were formed which are shown in Figure 6a. In contrast, looking at the region
away from the substrate, a quite number of longer grains are visible at the melt pool boundaries (Figure
3.2). In this region, structure of grains tends to be more columnar as they are elongated parallel to the build
direction and towards to the center of the melt pool. In terms of defects, the density of porosity among
grains formed at the region near the substrate is significantly higher as against the area away from the

substrate where no evidence of porosity can be found.
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Figure 3.2.SEM Micrographs of side view of grains formed at areas located a) near the substrate and b)
away from the substrate.
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3.3.1.2. Melt pools

The top view of the sample shows cross-section of the melt pools formed during the LPBF process.
As can be seen in Figure 3.3a, wider melt pools are formed at the area near the surface compared to those
observed away from the surface, shown in Figure 3.3b. The density of defects was also found higher for
the area away from the surface respect to the area near the surface. The dimensions of the pools were
extracted using the scales of the images and ImageJ, an open-source image analysis software. Table 3.1
provides the width and depth of the pools for regions near and away from the substrate. It should be noted
that the widest portion of the melt pools were used for the measurements. Based on the dimensions, the

ratio of the width for pools near the surface to those found away from the surface was calculated as 1.45.

Melt Pool
Width

[«—|

000000 WD12.2mm 20.0kV x150 300um SE 15:04 000000 WD12.2mm 20.0kV x150

Figure 3.3.SEM Micrographs of top view of melt pools formed a) near the surface and b) away from the
surface.

Table 3.1.Melt pools dimensions extracted by Image J software for different areas of the samples

Near the surface Away from the surface
Average Melt Pool Width
(um) 115 79
Near the substrate Away form the substrate
Average Melt Pool Depth
(Hm) 31 46

Focusing on side view, the depth of the melt pools can be evaluated. Pools formed at area away

from the substrate (Figure 3.4b) were found to be deeper with 1.48 times deeper than those observed near
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the substrate (Figure 3.4a). The formation of columnar grains was observed within each melt pool. A
magnified view of a region picked from the area away from the substrate is shown in Figure 8c. As
mentioned, we elongated grains formed between the melt pool boundaries are visible. Unlike those found
in the top view, the overlapping between melt pools can be seen in the side view when penetration through

the lower layers occurs.

Melt Pool Depth

L

Equiaxed
Grains

//Gl'alus

Figure 3.4.SEM Micrographs of side view of melt pools formed: a) near the substrate, b) away from the
substrate, and c) magnified view of a region picked from the area away from the substrate.

3.3.1.3. Precipitates

Figure 3.5 shows precipitates formed in regions near and away from the surface when viewed from
the top of the sample. Ni-rich (Ni,Ti) precipitates were observed in both regions near and away the surface
as shown in Figure 3.5 a and b, respectively. However, larger precipitates were found in areas near the

surface compared to areas away the surface. When it comes to the Ti-rich (TizNi) precipitates, they are
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found only in the areas near the surface. Figure 3.5¢ clearly shows both Ni-rich and Ti-rich precipitates in
an area near the surface providing the size comparison between the two with Ni-rich and Ti-rich precipitates

shown in white and black respectively.

100 pm

Figure 3.5.Ni-rich precipitates observed in top surface of the sample at areas: a) near the surface b)
away from the surface c) Both Ni-rich and Ti-rich precipitates found at an area near the surface.

The same precipitates were found when viewed from the side of the sample. Like the area near the
surface, both Ni-rich and Ti-rich precipitates were observed at the region near the substrate (Figure 3.6).
The highest congestion of precipitates was found in this region compared to the other areas. On the other

hand, the congestion of precipitates was insignificant for regions away from the substrate.
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Figure 3.6.Precipitates formed at an area near the substrate.

3.3.1.4. Microstructure defects

Figure 3.7 shows different kinds of defect including small and large cracks near the surface of the
sample when viewed from the top. Cracks formed at the area near the surface are found to derivate from
disparate origins. As shown in Figure 3.7a, rough surfaces with small cracks are formed in the area near the
surface. A magnified image from the area near the surface shows the crack initiated right at the surface and
then propagated in different directions. On the other hand, a deeper crack was formed without any sign of
propagation from the surface with smaller cracks being observed in the vicinity of this larger crack (Figure
3.7b). According to the scale of the picture, the average length of the visible cracks in this area is roughly
15 um. Figure 3.7c shows an example of a large crack observed at the surface with the length of the crack
being found to be approximately 100 um. Additionally, crack growth in this region was found to have

deeper sections on the side near the surface filled with un-melted powder.
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Figure 3.7.Top view SEM micrographs of defects including a) cracks formed near the surface b)
magnified region at (a) c) a large crack formed at the surface.

Less number of defects observed in areas away from the surface compared to the regions near the
surface. An example of an un-melted region formed in the area away from the surface shown in Figure 3.8a
with Figure 3.8b showing a magnified view of the defect. As can be seen, narrow holes located around the
deformation formed a small gap. One can infer that due to the irregular shape of the defect, it is originated
from the process parameters applied during the fabrication. However, it should be noted that no large crack

was observed in areas away from the surface.
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Figure 3.8.a) an irregular-shaped defect formed away from the surface and b) magnified image of defect
at (a).

The defects formed at areas near and away from the substrate can be compared by looking at the
side view shown in Figures 3.9 and 3.10 where much more precipitates found near the substrate. As can be
seen, cracks with the length of more than 100 pm formed near the substrate while the origins of the cracks
were found to be different from each other. As shown in Figure 3.9a, existence of defects plays an important
role in growth of the crack propagated from the surface of the sample toward the middle area. In contrast,
the origin of the crack shown in Figure 3.9b is different as it does not originate right at the surface and a
gap between crack and the un-melted region can be seen. It should be noted that regardless of origin of
cracks, the small cracks can be seen in both figures are indicative of the improper quality and high tendency
for the formation of cracks near the substrate. Besides cracks, formation of numerous defects in some
regions can be attributed to the leftover un-melted powders formed in those areas. A case in point is lack
of fusion defects which are originated from partially melted areas. Figure 3.9c represents a huge un-melted

region at the substrate where high density of impurities and un-melted powders are typically found.
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Figure 3.9.SEM micrographs of a & b) cracks formed at the substrate, and ¢) un-melted area with
impurities found near the substrate.

In comparison, the number of defects observed far from the substrate was significantly lower.
Defects observed in this area are shown in Figure 3.10 where considerably higher quality with significantly
less number of defects were seen. Moreover, based on the defects observed, the length of the cracks in this
area (Figure 3.10a) is relatively lower than ones formed in the region near the substrate. Furthermore, it is
evident that the cracks formed in the area away from the substrate are not as deep as of these formed near
the substrate as the previously fabricated layers can be easily seen for these cracks. Un-melted areas are
more scarce in regions away from the substrate, however, cracks initiated from un-melted areas were
observed in a few cases (Figure 3.10b). The length of the cracks and the density of defects found in the area
away from the substrate are markedly lower compared to those found at areas near the substrate. Upon
further investigation, it can be concluded that the formation of precipitates can result in the initiation of

other defects like cracks.
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Figure 3.10.SEM micrographs of defects observed in the areas away from the substrate: a) small crack
formed due to the precipitate b) crack formed with un-melted powders.

3.3.2. X-ray diffraction (XRD) analysis

The XRD spectrogram extracted from the top surface of the sample is shown in Figure 3.11. While
presence of NiTi austenite and martensite with Ni-Ti and NiTi, secondary phases were observed, there is
no sign of formation of other intermetallic phases (NisTi, NiTis, NisTis). Moreover, no peaks associated to
free titanium or nickel were found. Figure 3.11a represents the result for the region near the surface.
According to this spectrogram, it is possible to have Ni,Ti and NiTi. phases formed in this area with these
secondary phases sharing properties and structures with the main NiTi phase. Nitinol proper alloy most
likely includes two phases; an austenitic and a martensite phase with cubic lattice and monoclinic lattice
structures respectively. When it comes to the area away from the surface, the composition is more uniform
as fewer precipitates limited to only Ni.Ti secondary phase can be observed. Although the sharpest peak
belongs to the austenite phase again, the presence of martensite phase is considerably higher since the

intensity of the monoclinic phase is markedly higher than that of the area near the surface.
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Figure 3.11.XRD spectrogram extracted from top surface of the sample shows presence of main and
secondary phases at regions: a) near the surface b) away from the surface.

Looking into the side surface of the sample, we focus on two areas; near the substrate and away
from it. The area near the substrate showed the similar pattern observed for the area near the surface in top
view with both Ni,Ti and NiTi; intermetallic phases being found for this region (Figure 3.12a). However,
as can be seen in Figure 3.12b, only the main austenite and martensite phases were found for the area away
from the substrate with no indication of formation of secondary phases. The proportion of these main phases

is found to be similar to the ratio observed for the area near the surface of the top view.
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Figure 3.12.XRD spectrogram from side surface of the sample with a) presence of both Ni,Ti and NiTi
secondary phases at area near the substrate b) Nitinol austenite and martensite without secondary phases
at area away from the substrate
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3.3.3. Microhardness analysis

Figure 3.13a and b provides Vickers Hardness values extracted from the top and side surface of the
sample, respectively. 28 different points of each surface (top and side) was selected for indentation test in
order to cover various regions of the sample. Looking into Figure 3.13a, it is evident that, regardless of
some minor fluctuations, a trend can be observed between the data collected. The highest hardness value
of 560 belongs to the point located in vicinity of the center of the sample, while the point near the surface

shows a considerably lower value of 259 with the lowest hardness being observed for the point located near

the corner with a value of 235.

Looking to the Figure 3.13b, we can compare the hardness values along the building direction. As
can be seen, the minimum hardness values occur at points near the substrate, whereas an upward trend is
visible as one moves along the building direction. The maximum value is found to be occurred at the center
of the sample where harness value reaches to the peak of 560 with a downward trend being seen as moving
towards the top surface of the sample. However, this trend ending at top surface shows higher values for

this area (303 HV) compared to ones observed for points near the substrate (220 HV).
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Figure 3.13.Microhardness results extracted from a) top surface and b) side surface (The highlighted
planes in red color show the view direction).
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3.4. Discussion

This study investigates the variation in microstructural and metallurgical properties in different
areas of sample fabricated through the LPBF method. Results were extracted from the plane perpendicular
(top view) and parallel (side view) to the build direction. In the top view, the areas near and away from the

surface were investigated, while areas near and away from the substrate were analyzed for the side view.

In this study, the variation in grain size and structure in the two planes (perpendicular and parallel
to the build direction) are observed. In the top view, smaller grains with an equiaxed structure were found
in the area near the surface compared to larger grains observed in areas away from the surface. This
observation can be attributed to the difference in cooling rate which accounts for the main criteria for grain
size where higher cooling rate results in shorter growth time bringing about smaller grains and vice versa
[18]. For layers near the surface, the associated cooling rate is higher due to its method of heat transfer. At
the surface, these layers have a higher rate of heat transfer due to the significant role of convection and
conduction as well. However, for the layers away from the surface, conduction is the dominant mechanism
for heat transfer and the portion of convection drops substantially, thus the cooling rate is not as high as the
layers found closer to the surface. Therefore, because of lower local cooling rate, grains form away from
the surface become coarser in size compared to those formed in the layers near the surface [19]. Due to the
important role of grain size in the mechanical properties of a part, we may expect the areas near the surface
to exhibit higher strength and more ductile properties brought on by the finer grains that were observed.
However, this is not the only criterion that should be considered as some other factors like the formation of
defects and cracks affect the mechanical properties considerably. In the side view, the area near the substrate
contained grains with a fine, equiaxed structure whereas the area away from the substrate contained
columnar grain with cellular structure. In addition to the grain size and structure, the aspect ratio and
orientation of the grains varied widely between the two regions as well. The area near the substrate was
observed to have smaller grain but with a higher aspect ratio with greater elongation in the longitudinal

direction. The two main factors that can affect the grain morphology include the solidification rate and
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thermal gradient of the layers [20]. Here, higher solidification rates can play a more impactful role than the
temperature gradient in inducing an equiaxed grain structure. In other words, the higher cooling rates will
most likely produce an equiaxed structure regardless of the temperature gradient present which is consistent
with studies recommending surface cooling or supercooling of the layers to achieve an equiaxed
morphology [21,22]. In this study, we have a drastic change in temperature between the build plate and the
first layer of the part leading to a relatively high temperature gradient. With this information, one can infer
that the equiaxed structure near the substrate is present largely because of the high temperature gradient
between the hot first layer and relatively cool build platform. Conversely, it has been shown that grains in
additively manufactured parts exhibit the spread of large columnar grains along the build direction over
many layers in areas with lower solidification rates and high temperature gradients [21]. These findings are
consistent with those shown in Figure 3.2b where columnar-dominant structures and grain elongation along
the build direction were observed in the areas away from the substrate in which the cooling rate is
significantly lower. It should be noted that equiaxed grains typically demonstrate more uniform mechanical
properties whereas columnar grains are associated with anisotropic mechanical properties [18]. With this
information, we can deduce that the areas away from the substrate will exhibit more anisotropic properties

whereas the areas near the substrate will have more uniform properties.

The geometry of the melt pools greatly affects the local solidification rate and the shape of the
subsequent grains formed in the fusion zone. As demonstrated in Figure 3.3, the areas away from the surface
had smaller but more organized melt pools in comparison to those found near the surface. The size of the
melt pool will be affected largely by the process parameters chosen which can have a drastic effect on the
guality of the part such as the microstructure [23,24]. However, because the same process parameters have
been applied throughout the entire part, these variations must be attributed to other factors. First, the melt
pool size can be affected by the cooling rate. Due to the presence of conduction and convection, the areas
near the surface, as mentioned before, have higher rates of cooling; thus, the penetrated area affected by the

molten powder which constitutes the melt pool is restricted because of its shortened expansion time. This
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implies that the time allowed for the melt pool to penetrate to the previously manufactured layers is
shortened and therefore will be less elongated in the vertical direction. This results in wider melt pools in
the top view as the melt pools will mostly elongate horizontally, and shallower melt pools in the side view
as is evidenced in Figures 3.3 and 3.4. Additionally, due to a mixture of convection and conduction at the
top layers near the surface, the irregularly sized and shaped melt pools are logical. Second, due to the
scanning nature of the laser used in LPBF, the energy input is suddenly stopped near the borders which in
turn creates anisotropic heating of the boundaries whereas the area near the center is covered in a more
uniform manner creating a homogeneous heating of the section. This can also produce larger and more
uniform pools for areas away from the surface as opposed to those formed near the surface. For this reason,
when observed from the side (as in Figures 3.4a and b), we see a deeper penetration of the melt pools into
adjacent layers in the area away from the substrate as opposed to those near the substrate. It should be noted,
that there is a strong correlation between the size of the melt pools and the local grain size and structure of
the part as it affects the temperature gradient during the cooling and solidification phase. The shallower
melt pools produce a downward flow of heat transfer during the solidification phase, opposite to the build
direction, whereas the heat transfer for deeper melt pools depend on the local position and orientation of
the melt pool boundary [18]. In the former, growth of columnar grains occur during the solidification of the
melt pool as the bottom boundary moves upward, whereas the larger melt pools exhibited steady columnar
grain growth whereby the movement of the orientation of the temperature gradient determines the direction
of growth. Additionally, the size of the columnar grains can be directly affected by the depth of the melt
pools which can be seen in Figure 3.4c where columnar grain growth is limited by the melt pool boundaries

which in turn affect the overall grain size during solidification.

Precipitation during the build process could have a major impact on several factors of the final
printed part including transformation temperatures and strain, critical stress for transformation, matrix
composition, and the shape memory response of the alloy [25]. Figure 3.5 shows the formation of

precipitates viewed from the top of the sample. As can be seen in the figure, only Ni-rich precipitates were

41



found in the regions away from the surface whereas both Ni-rich and Ti-rich precipitates were observed in
the regions near the surface. The microstructure of the material after solidification can contain an abundance
of precipitates largely in part due to the rapid cooling in the highly localized melt pools leading to a non-
equilibrium solidification during the additive manufacturing process [18]. Due to the effect of convection
as well as conduction, the areas near the surface have more irregular features due to lack of equilibrium
state compared to the areas away from the surface which leads to higher variations of precipitates near the
surface. This scenario persists in the near the substrate. Due to the higher thermal gradient caused by the
sudden change in temperature between the substrate and the first few layers, this region will take a relatively
long time to reach a steady state condition. Thus, as is demonstrated in Figure 3.6, this region has non-
uniform heat transfer and results in the formation of various precipitates. In comparison, the area away from
the substrate contained no precipitates where the solidification rate is more uniform. Additionally, it has
been found that epitaxial solidification can bring about enhancements in continuity and bonding as well as
decreasing the intermetallic phases found between layers [26—-28]. This most likely contributes to the lack
of precipitates in the region away from the substrate in our findings where columnar grain growth was
observed due to epitaxial solidification. It is of great importance to examine the individual contributions
that each precipitate may have on the properties of the sample. In previous studies, it has been noted that
the formation of Ni-rich precipitates produces a shift of the matrix composition to a higher titanium content
(i.e., Ni depletion) that generally results in higher transformation temperatures [29]. In comparison, Ti-rich
precipitates typically produce lower transformation temperatures. Additionally, Ni-rich precipitates have

been linked to a reduction in fracture stress and strain due to the hindering of plasticity deformation [6].

Porosity and crack formation are among the most common structural defects found in AM
fabricated NiTi [6]. Many factors may be attributed to the process of LPBF and additive manufacturing as
a whole. As the process involves the melting of powder, a great assumption is made that the powder is
evenly distributed and packed in an optimal manner for fabrication. Due to the fact that this is an

idealization, one of the sources of pore generation comes from poor packing density of the metal powder
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which allows for entrapped gas to persist and create vacancies within the finished part [30]. Additionally,
insufficient energy input during melting can results in sporadic areas where the powder has not completely
melted leaving behind diamond-shaped pores. This lack of overlap between two or more adjacent metal
powder particles is commonly referred to as a ‘lack of fusion (LOF) zone’ [31]. These factors cannot be
excluded from the present discussion but are constant between all regions of the printed samples as the
process parameters and the powder were the same throughout. It is possible that as defects begin to arise,
the propensity for more defects to emerge may increase therefore as the sample is built, we may expect to
see a higher amount of pores and cracks regardless of whether or not the process parameters and powder
are the same. There are several contributing factors to the formation of cracks in fabricated NiTi parts
[32,33]. One of these contributing factors is residual stress which is common to additive manufacturing due
to the high temperature gradients inherent in the process. Crack initiation is visible in the areas near the
surface, as is demonstrated by Figure 3.7, which can be again explained by the high temperature gradient
where we expect to see higher quantities of residual stress. This leads to the inevitable formation of micro-
cracks which in turn propagate and affect other areas as well. These cracks are typically limited to just
micro-cracks as larger cracks are deterred from formation due to the rapid cooling which prevents their
propagation [32,33]. However, there are instances where the temperature gradient results in high enough
residual stresses that these effects overcome the effects of rapid cooling and wide cracks at the surface can
form as is seen in Figure 3.7¢ where a crack of 100 um in length can be observed. These longer cracks are
hazardous as they can harbor un-melted powders due to the discontinuity in material. In observing the areas
away from the surface, there were no obvious crack formations found as there is a lower temperature
gradient in these areas with a more uniform condition. Nevertheless, some small, irregularly shaped defects
can be found in a few cases. Misorientation is another factor in the formation of cracks and their propagation
as has been shown before [34]. As depicted in Figure 3.1, the grains found at near the surface of the sample
were found to be equiaxed and smaller in size resulting in a higher number of grain boundaries where
misorientations can be more readily found. The grains in the regions away from the surface were found to
be comparatively larger and therefore contained less grain boundaries which would lead to a lower
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probability of finding misorientations leading to cracks. This may be another explanation for the reduced
number of cracks seen in the areas away from the surface compared to those near the surface. In most cases,
there were two observable types of porosities within AM NiTi parts [35]. The first of these two porosities
is a result of mixtures of the NiTi powder with trapped ambient gas which forms spherical-shaped
porosities. However, there are different possible reasons for the defect found in Figures 3.8a and b which
includes a region of separation, identified as an irregularly-shaped porosity, with a deposit of un-melted
powder as a result of this porosity. This defect was most likely caused by unoptimized process parameters.
Due to the low quantity of defects found similar to this example, the former is most likely the cause. It
should be noted that there were considerably fewer defects found in the areas away from the surface where
no visible cracks were found compared to the areas near the surface. From a side view, more defects were
found near the substrate in comparison to the area away from the substrate. As mentioned previously, the
high temperature gradient found between the substrate and the first layers of the sample causes sufficiently
high residual stress to form large cracks. Figures 3.9a and b shows large, continuous cracks that were form
at and near the substrate respectively, with their overall length exceeding 100 pm. Figure 3.9¢ shows that
the widths of these cracks are large enough to allow for the isolated accumulation of non-melted powders
and impurities. In comparison, the area away from the substrate contained less defects, and those that were
found were smaller in size. A few tiny cracks were found in this area, shown in Figures 3.10a and b, and
are most likely present due to the existence of the formation of precipitates and impurities. Although these
cracks are small, the widths are still large enough to harbor un-melted powder. It has been found that
attempting to force epitaxial growth through optimized process parameters may lead to a reduction in these
defects [36]. As previously mentioned, columnar grain growth is common in areas away from the substrate
where this type of grain growth is caused by epitaxial solidification in the layers leading to a reduction of
defects in the area away from the substrate. This can be attributed to the fact that misorientation between
columnar grains which formed parallel to the building direction is less than equiaxed like grains oriented
randomly. With similar logic discussed before, the formation of more cracks near the substrate compared
to regions away from the substrate seems reasonable.
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Figures 3.11 and 3.12 showcase the results of the XRD analysis from the top and side view
respectively. Firstly, the observations made in the precipitates section are consistent with those found in the
XRD results which help confirm the existence of the particular precipitates found in both. Figure 3.11 shows
the main phases of austenite and martensite of the top surface where one can see that the peak intensity for
austenite is higher than that of martensite in both areas observed which is in agreement with previous studies
[37-39]. However, the peak intensity of austenite near the surface is sharper than the intensity away from
the surface. The variation in austenite phase intensity is a contributing factor in transformation temperature.
Higher laser speeds resulting in higher cooling rates were found by Speirs et al. [37] to decrease the
transformation temperatures. Due to these findings, coupled with the higher cooling rate near the surface,
one can deduce that the transformation temperature is lower in this area which facilitates the formation of
austenite phases. With the same logic, sharper peaks for the austenite phase are found for the area near the
substrate as opposed to the area away. The formation of martensitic phase is also justifiable for all of the
areas observed as Dadbakhsh et al. [40] have found that this phase can be formed after the fabrication of

NiTi through LPBF without preheating.

The results obtained for microhardness ranged from 235 to 560 HV and from 220 to 560 HV for
the top surface and side surface of the sample respectively which are consistent with the results generated
by Shishkovsky et al. [39]. As can be seen in Figure 3.13a, values of hardness were found to be lower in
the points collected near the surface and gradually rises until reaching a peak near the center of the sample.
Previous studies have shown that optimizing the process parameters of a material can result in a crack and
pore free structure, and as a result, drastically improving the microhardness [6]. In observing the region
away from the surface, we found significantly less defects compared to the area near the surface which may
help explain our results showing higher hardness values in the area away from the surface. A similar trend
is evident in the side view where the hardness values were found to increase as one moves away from the

substrate towards the middle, once again predicted by the higher number of defects found near the substrate.
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Major deviations from the average for the area near the substrate are most likely explained by the enormous

heat dissipation from the substrate to the build plate [39].
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4. THE EVOLUTION OF MICROSTRUCTURE AND COMPOSITION HOMOGENEITY
INDUCED BY BORDERS IN LASER POWDER BED FUSED PARTS

4.1. Introduction and overview

Nickel-based superalloys are one of the most widely used materials over the past five decades as
they play a significant role in industrial applications such as energy production, aerospace, and aeronautical
applications [1-4]. Due to the high strength and remarkable corrosion resistance behaviors, they are utilized
in turbine blades, engine components, combustors, and nuclear power plant parts [5,6]. Inconel718 (i.e.,
IN718) is one of the most researched nickel-based superalloys for industrial applications. Excellent
mechanical properties coupled with high creep, corrosion, and fatigue resistance at high temperatures allow
this alloy to be used in extreme temperature conditions up to 700 °C [4,7,8]. The desired mechanical
properties have been achieved from conventionally fabricated IN718 in forms such as casting, forging,
wrought and powder metallurgy [9,10]. However, these techniques are limited to simple geometries such
as cylinder tubes, plates, and wires. Along with progress in manufacturing industry, the demand for
fabrication of complex parts with high precision and excellent mechanical properties at elevated
temperatures have been increased. Newer manufacturing techniques like Additive manufacturing (AM)
offer a feasible solution and allow fabrication of near-net shape customized parts without the need for costly
tools, molds, or casting dies [4,11,12]. From both scientific and industrial aspects, fabrication of IN718
parts using AM has drawn noticeable attention during the last decade [13-18]. Laser powder bed fusion
(LPBF) is the most widely used AM technique that has been employed to manufacture highly complex
parts with good accuracy [5,19-21]. This technique can produce fully dense IN718 parts (close to 99.7%)
by selectively melting the metal powder spread on the build plate. In this case, laser acts as a heat source
which traces the digital data of the part geometry [5]. Following that, the molten powders are combined to
make a solidified layer. This process is repeated layer by layer until the part is fabricated [22—25]. However,
there is still a need to improve the mechanical properties of the LPBF-fabricated IN718 components [9].

The unique multi-scale microstructure of LPBF-fabricated parts is one of the most important

features which can be adjusted along with texture to achieve desired mechanical properties [9]. As a laser-
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based fabrication method, the LPBF technique has several processing parameters (laser power, scanning
speed, hatch distance, and powder layer thickness), forming the VVolumetric Energy Density (VED), which
has a high influence on the microstructure, texture and thus the overall properties of the fabricated parts.
As the microstructure and texture of LPBF-fabricated IN718 parts can be altered by changing the process
parameters, several studies have been focused on how the microstructure/texture affects the performance
of the as-built IN718 parts [4,9,10,14,18,26-28]. Moussaoui et al. [29] showed that an increase in VED
during the LPBF fabrication of IN718 samples results in more elongated dendrite grain structures having a
tendency to orient parallel to the build direction. They also concluded that the level of porosity can be
reduced through an increase in the VED. Nadammal et al. [30] investigated the effect of hatch distance on
the microstructure and texture of LPBF-manufactured IN718. It was revealed that hatch distance as a
process parameter has a strong influence on the microstructure and texture. A ten-fold increase in hatch
distance (decrease in VED) resulted in a reduction in texture intensity (100) by a factor of 2. In another
study performed by Lu et al. [28], different island scanning strategies were selected for the fabrication of
IN718 samples. It was concluded that components fabricated by larger island scanning strategies result in
higher density whereas severe cracks were observed for the sample processed by smaller island sized scan
strategy. The effect of scan speed on the microstructure and densification level of the IN718 samples were
investigated in another study [31]. The authors concluded that a wide range of scanning speed (from 100 to
1600 mm/s) can be applied to fabricate parts successfully. However, the highest density level (99.7%)
occurred when the laser scanning speed of 800 mm/s was employed. Popovich et al. [32] showed that with
an increase in layer thickness (decrease in VED), the size of the cellular dendritic structures of LPBF-
fabricated IN718 samples increases, and the likelihood of the formation of columnar grain structure
increases.

Apart from controllable process parameters, a better understanding of the physics behind the LPBF
process is the key for prediction and optimization of microstructure and texture of parts. As the LPBF
technique is a high-temperature process, the heat transfer that occurs during fabrication can be one of the
most important physical parameters to be considered. In a study conducted by Wang et al. [33] on the
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microstructure of LPBF-fabricated IN718, a phase filed model was used to simulate the process. It was
revealed that the temperature gradient plays a significant role in the growth of dendrites and a higher
temperature gradient lead to a higher growth speed of dendrites. However, the LPBF process is not only
limited to the powder melting step, but also can be affected by the mode of solidification and cooling
process. In the study performed by Zhang et al. [34], a physical model including heat transfer and fluid flow
was used to simulate the thermofluidic field of melt pools for the LPBF process of IN718. It was shown
that convective heat transfer has more influence over the shape of the melt pool compared to conduction
heat transfer, with the contribution of convection in heat dissipation more than one order magnitude larger.
They also found that convective heat flux affects the width of the melt pool, while conductive heat flux
plays a role in regulating the dimensions of the depth and the width of the melt pool. In another study
performed by Balbaa et al. [35], the effect of process parameters on the stability of the melt pools was
investigated during the LPBF process of IN718 alloy. It was found that the cooling rate of the molten
material dominantly affect the generation of residual stress, with higher cooling rate resulting in higher
magnitude of stress. Gong et al. [36] studied the influence of build height on the microstructure and
composition of LPBF processed IN718. They observed less formation of Laves phase but more uniform
distribution of finer grains at the bottom layers, which was attributed to the higher cooling rate at this region.

In the study [37] discussed in the previous chapter, for the first time, insights on the spatial heat
transfer conditions experienced by different areas of the under-processed part was provided during the
LPBF process. It was revealed that the regions near the surfaces of the part are more affected by the
convection heat transfer mode compared to the areas located at the middle. On the other hand, conduction
was seen to play a more crucial role for the regions away from the surfaces. This variation in the heat
transfer condition was found to be responsible for the different cooling rate experienced by different regions
of the LPBF- fabricated part, and thereby resulting in microstructural inhomogeneity throughout the part.
This study, for the first time, aims to implement a novel strategy in LPBF fabrication of IN718 parts to
achieve a more unified microstructure and composition throughout the part. This approach is based on the
design and fabrication of a border surrounding the main part during the LPBF fabrication. It is hypothesized
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that such border, if designed appropriately, would mitigate the undesirable convention heat transfer mode
in the areas near the surface of the LPBF-fabricated parts and result in microstructure homogeneity. To this
aim, a series of cubic samples surrounded by cubic borders are fabricated by considering different gaps
between border and main sample.
4.2. Materials and methods
4.2.1. Powder Preparation and Fabrication

Gas atomized IN718 powder supplied by EOS North America (Pflugerville, TX, USA) was used
in the fabrication of IN718 samples in this study. Fig. 4.1a shows the Scanning Electron Microscopy (SEM)
micrograph of the fresh IN718 powder. Image J [38] software was used to determine the particle size of the
fresh powder and a histogram of the particle-size distribution was obtained as seen in Fig. 4.1b. The average
powder particle size was found to be 12 um. Further analysis of the fresh IN718 powder revealed that the

powder particles were mostly spherical in shape.

~ 40

G\e :;".—'.' i

%30 | //0:// 4

E f’/: 20

2 W

s | % 7,
1 ke &///”E//f%/%%%g’/j/,f

0 0-6 6-12  12-18 18-24 24-30
Particle diameter (um)

(b)

Figure 4.1.Scanning electron microscope (SEM) micrograph of fresh powder; (b) particle size
distribution of EOS supplied IN718 powder.

Cubic samples of dimensions 9 mm x 9 mm x 6 mm with the surrounding borders, as depicted in
Fig. 4.2a, were designed in Solidworks (Dassault Systemes, Vélizy-Villacoublay, France). Since the focus
of this work was to study the influence of the gap distance between the main sample and its associated
border, different gap distances of 0.5 mm and 2 mm were considered. A cubic sample without border was

also designed to serve as the reference sample in this study. An EOS M290 laser powder-bed fusion process

52



printer (EOS GmbH, Electro Optical Systems, Krailling, Germany) having a build volume of 250 mm x
250 mm x 325 mm and fitted with a 400 W Ytterbium fiber laser was used to fabricate the parts. The
samples were fabricated with a laser power of 285 W, a hatch distance of 110 pum, a scan speed of 960
mm/s, a layer thickness of 40 um and the stripes scan strategy with a hatch angle of 67°, as recommended
by the manufacturer. For the samples fabricated with border, the main part and the border were fabricated
at the same time because the laser scanned both segments as a single part. The scan strategy is broken down
by the software to first run the laser tracks on the infill of the cube and the border concurrently. Then the
laser traces the contour of the border and cube simultaneously (Fig. 4.2b). The build plate was maintained
at 80 °C during fabrication to reduce the overall thermal gradient, particularly within the first few layers.
As it can be seen from Fig. 4.2¢, a cubic sample without border is fabricated and this will serve as the
reference sample in this study. Fig. 2d shows the sample fabricated with border at a gap distance of 2 mm.
As the focus of this study is the main cubic sample and not the borders, the sample fabricated with a border
at 0.5 mm distance will be addressed as gap 0.5 and the sample fabricated with a border at a distance of 2.0
mm will be addressed as gap 2.0 throughout the study. The parameters of the samples such as sample name,

dimensions, geometry, and distance between the sample and its border is mentioned in Table 4.1.

Table 4.1.The geometry and dimensions of the fabricated samples

Sample Tvoe of Sample Border Gap Between
P yp . mp Dimensions Sample and Border
No./Name Geometry Dimensions (mm)
(mm) (mm)
Reference sample Cubic 9x9x6 (wxIxh?) - -
Gap 0.5 sample Cubic 9x9x6 (wxIxh) 6x2 (Hxt?) 0.5
Gap 2.0 sample Cubic 9x9x6 (wxIxh) 6%2 (Hxt) 2.0

1: w, I and h are width, length, and height of the main sample, respectively.
2: H and t are height and thickness of the border, respectively.
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Figure 4.2.a) schematic of sample with border, b) infill and contour scan tracks for the main sample and
border c) sample fabricated without border (reference sample) d) sample fabricated with border with 2
mm gap between the main sample and the border.

4.2.2. Experimental Procedure

In this study, a Nikon labophot-2 optical microscope (Nikon Instruments Inc., Melville, New York,
U.S.A.) equipped with digital camera and a Hitachi S-3000N variable pressure electron microscope
(Hitachi, Santa Clara, California, U.S.A.) were used to generate optical images and SEM results,
respectively. To prepare the samples for microstructure analysis, they were first mounted on epoxy resin
and then grinded and polished by E-prep 4TM (Allied High Tech Products Inc., Rancho Dominguez,
California, U.S.A.) with power head through individual force mode. A series of silicon carbide (SiC)
abrasive discs (320 to 1200 Grit size) were used to grind the specimens where water is used as the coolant
liquid. The scratch pattern was inspected after each grinding step using a metallographic microscope XJP-
H100 (Amscope, Irvine, CA). In each step, the grinding was repeated until a uniform pattern obtained for

the scratches. Polishing process was performed through two steps. DiaMat polishing cloth with 1 pm
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diamond suspension was used to polish the samples at the initial step. Final polished surface was obtained
using 0.04 um colloidal silica suspension on a Red Final C polishing cloth. The samples were cleaned using
Micro Organic Soap, rinsed with isopropyl alcohol and dried by compress air before etching. Prior to
microstructural analysis, the samples were etched by Kalling’s 2 Reagent (cupric chloride, hydrochloric

acid, and ethanol).

Bruker D8 Advance X-ray diffractometer (Bruker AXS LLC, Madison, Wisconsin, U.S.A.) was
used to determine the crystal and compositional structures of the samples. The Cu k-alpha X-ray source
with wavelength of 1.5418 A was used in the X-Ray Diffraction analysis. Step intervals of 0.04° and scan
speed of lsec/step were applied with 20 varying between 30° and 100°. For the Vickers hardness
measurement, a LECO LM 300 AT Micro Hardness Tester (LECO, St. Joseph, Michigan, U.S.A.) was used

and 1Kg force was applied for 10 seconds.

4.3. Results
4.3.1. Microstructure analysis
4.3.1.1. Melt Pools

The melt pools of the gap 0.5, gap 2.0 and the reference samples were characterized with the help
of an optical microscope at the center of the polished surface of the samples as seen in Fig. 4.3. The width
and depth of the melt pools were measured using the ImageJ software and a significant difference in the
dimensions were observed among the samples. The average width and depth of the melt pools are reported
in Table 4.2. The deepest and widest melt pools were noted for the gap 0.5 sample as the border is fabricated
relatively close to the main cubic sample which helps in the merger of smaller melt pools and thus
expanding them to form deeper and wider melt pools. The optical micrograph of the gap 2.0 sample revealed
the presence of narrow and deep melt pools. Observing the micrographs for the reference sample, narrow,
shallow, and irregular melt pools can be seen. Comparing the samples fabricated with and without borders,

it is clear that the samples fabricated with borders have uniform melt pools. Further analyzing the gap 0.5
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and gap 2.0 samples revealed that as the gap between the main sample and the border decreases, the depth

and the width of the melt pool increases significantly.

100 ym
—

Reference

Figure 4.3.0Optical microscopy of melt Pools for a) gap 0.5 sample b) gap 2.0 sample and c) reference
sample.

Table 4.2.Melt pools dimensions extracted by Image J software for three samples

Gap 0.5 Gap 2.0 Reference Sample
Average Melt Pool
Width (um) 3785+ 14.1 2545+8.2 274.1+£12.6
Average Melt Pool
Depth (um) 10945 102.6 + 3.7 94.1+4.2

SEM micrographs of the melt pools of the as-built IN718 samples are presented in Fig. 4.4 This
figure helps us in observing the difference in structure of the melt pool boundaries. Analysis of Fig. 4.4a
for the gap 0.5 sample exhibits a strong cohesive behavior between the melt pool boundaries. While the

melt pool boundaries of gap 2.0 sample seen in Fig. 4.4b are found to have discontinuities along their
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boundaries. Fig. 4.4c reveals the melt pool boundaries for the reference sample and it can be seen that the
melt pools boundaries are highly irregular. Thus, comparing the effect of the gap between the samples and
its borders, it is evident that as the gap reduces, the melt pool boundaries become more cohesive and

continuous in nature.
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Figure 4.4.Scanning electron microscopy of melt Pools for a) gap 0.5 sample 1 b) gap 2.0 sample and c)
reference sapmle.

4.3.1.2. Grain size and grain structure

Fig. 4.5a, b and ¢ show columnar grains for gap 0.5, gap 2.0 and reference samples at the center of
the polished surface of the as- built IN718 parts. Straight elongated grains can be found for both the samples
fabricated with border. We can observe coherent grain boundaries with the grains oriented parallel to the
build direction for the gap 0.5 sample while the gap 2.0 sample has tilted columnar grains with
discontinuous boundaries. The aspect ratio of gap 0.5 sample was found to be greater than 1 as they are

longer in the building direction. From Fig. 4.5c, we notice an increase in the irregularity of the boundaries
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for the reference sample as their grains are randomly oriented. The grains in the reference sample are shorter

and tend to have an equiaxed structure.
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Figure 4.5.Scanning electron microscopy of columnar grains for a) gap 0.5 sample b) gap 2.0 sample and
c) reference sample

The grain boundaries of the LPBF-fabricated IN718 samples were determined at the center of the
polished surface of the samples with the help of SEM micrographs as shown in Fig. 4.6. The grain
boundaries can be spotted due to remarkable change in texture and positioning of the dendrites. Gap 0.5
sample has grains oriented along the build direction as presented in Fig. 4.6a. Whereas, for the gap 2.0
sample, the grains are randomly orientated as observed in Fig. 4.6b. The reference sample consists of
arbitrarily oriented grains as seen in Fig. 4.6c¢. It is worth noting that the reference sample has the smallest
grains as the heat is dissipated faster compared to that of the other two samples fabricated with borders.

Thus, we observe comparatively elongated grains in gap 0.5 and gap 2.0 samples.
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Figure 4.6.Scanning electron microscopy of grains for a) gap 0.5 sample b) gap 2.0 sample and c)
reference sapmle.

4.3.1.3. Defects

The surface porosity of the fabricated samples at the center of the polished surface of the samples
was determined with the help of SEM micrographs and their values were calculated using the Imagel
software. The porous areas in Fig. 4.7 are marked with white arrows. Firstly, the gap 0.5 sample had the
least number of pores and had an average surface porosity of 0.072%. The observation of Fig. 4.7b reveals
that sample gap 2.0 has the higher number of pores with an average surface porosity of 0.090%. The
reference sample fabricated without borders revealed numerous tiny pores with highest average surface

porosity of 0.103%.
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Figure 4.7.Porous areas formed for a) gap 0.5 sample b) gap 2.0 sample and c) reference sample

4.3.1.4. Precipitates

The SEM micrographs of the samples revealed the formation of precipitates corresponding to the
possible phases of the IN718 alloy. As shown in Fig. 4.8, each phase is identified by a number for all the
three samples. The presence of the Ni-Cr-Fe solid solution with Face Centered Cubic (FCC) Structure (y
phase), NisNb with Body-Centered Tetragonal (BCT) crystal structure (y” phase), MC-type carbide
((Nb, Ti)C) with FCC crystal structure and Ni3Nb with orthorhombic crystal structure (8 phase) is shown
by numbers 1-4, respectively. The precipitates observed in this study are in agreement with the results
reported in the literature. All the four phases (y, ", MC-type carbide, and 3) detected for the samples have
been reported by Seede et al. [40] for the IN718 LPBF-processed parts. In the similar study on IN718, the
presence of MC-type carbide and & phase was revealed using the microstructural analysis [29]. However,
similar to the current study, the authors failed to detect the formation of ¥’ phase under SEM as higher

resolution is required. Also, Calandri et al. [4] used Energy Dispersive Spectroscopy (EDS) analysis to
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confirm the formation of carbides in the matrix phase. Similarly, EDS elemental maps confirmed the
presence of MC-type carbide and & phases in LPBF-fabricated IN718 alloy. However, as noticed in the
current study, the formation of Laves phase was not found in the microstructure of the samples [5].
According to the results obtained in the current study, the level of formation of y” phase was found most
for the gap 0.5 sample followed by the gap 2.0 sample, with a more uniform distribution for these samples
compared to the reference sample. Conversely, carbide and 6 phase were observed more for the reference

sample as against the other samples.

Figure 4.8.Precipitates formed in a) gap 0.5 sample b) gap 2.0 sample and c) reference sample (Numbers
1to 4 correspond y, y", MC carbide and Lave phases respectively)

4.3.2. X-Ray Diffraction (XRD) Analysis

Fig. 4.9 shows XRD diffractograms of the three samples with the formation of v, y" and y” phases
being extracted for all the three samples. The orientation of phases is depicted with miller indices next to

each phase. The formation of phases is similar for all three samples, with no apparent peaks of 6 and MC-
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type carbide phases being present. However, all these phases were observed in SEM micrographs. This is
because the XRD analysis cannot detect the phases present at very low volume ratio of the specimen.
Moreover, the corresponding peaks of the Laves phase are not clear in the XRD diffractograms. It is worth
noting that the main peak for the gap 2.0 is different from those of gap 0.5 and reference sample, with vy, ',
v" (200) and vy, y' (111)/y" (112) phases identified for the dominant peaks of gap 0.5, gap 2.0 and the
reference sample, respectively.

Based on the intensity level shown in Fig. 4.9, the y (200) peak which corresponds to the columnar
grains formed parallel to the building direction, is highest for the gap 2.0 sample followed by gap 0.5
sample. However, a better texture analysis can be performed using the volume ratio based on the results
obtained from the diffraction of phases. In this case, by ignoring the secondary phases, the area under the y
(111) and y (200) peaks were calculated for each sample. The ratio of y (200) to y (111) was 1.26, 0.79 and
0.61 for gap 0.5 sample, gap 2.0 sample and reference sample, respectively. It should be noted that, this

outcome is different but more accurate than the intensity comparison as it includes the volume ratio of the

specimen.
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Figure 4.9.The XRD diffractograms of a) gap 0.5 sample b) gap 2.0 sample and c) reference sample
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The effect of different heat transfer condition and solidification rate undergone by samples during
the fabrication, can be observed through the shift of the y peaks. In this case, all three samples were scanned
with higher scan speed (sec/step) and finer increment for angles 20 between 49° and 52° and the exact
position of the second peak was extracted. The outcome is depicted in Fig. 4.10 where the shift of the (200)
peak is visible for all three samples. For the samples fabricated with a border, the position of the peaks is
shifted to the right compared to the peak of the reference sample. The highest change in peak position is
visible for the gap 0.5 sample. The similar variation in peak position is reported for the heat-treated nickel-
based alloys in previous studies [4,41]. This variation is caused by a change in the lattice constant of the y
phase. The lattice constant can be calculated using the Bragg’s law (equation below) and the relation

between the interplanar distance and the lattice parameter:

nA = 2dsinf

The 4, d and @ are the wavelength of the X-ray used in the XRD analysis, the interplanar distance
and the angle of diffraction, respectively.

The value of the vy lattice constant is plotted in the Fig. 4.11 for the three samples. For each sample,
the lattice constant was calculated using the average of the interplanar distance values extracted from the
five peaks. The highest lattice parameter belongs to the reference sample, which is slightly more than gap
2.0 sample, with the least value being calculated for the sample with gap 0.5. This variation in the lattice
parameter value confirms the peaks’ mismatch observed in Fig. 4.10 where a larger shift in peak positions

occurred between gap 0.5 and the reference sample.
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Figure 4.10.The variation in (002) peak position in the XRD diffractograms extracted for three samples
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Figure 4.11.Lattice constant of the y phase extracted from the XRD diffractograms of the samples.

4.3.3. Vickers Hardness

Fig. 4.12 represents the Vickers hardness values of the fabricated samples along the build direction
(Side surface). The samples fabricated with border resulted in significantly higher Vickers hardness values
of 336 HV and 330 HV for the gap 0.5 and gap 2.0 samples, respectively. However, the reference sample
fabricated without border yielded an average Vickers hardness value of 306 HV. Thus, it can be observed

that as the distance between the border and the main sample decreases, the Vickers hardness values increase.
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Figure 4.12.The average value of the Vickers Hardness for three samples
4.4. Discussion
This study investigates the effect of controlling the convective heat transfer near the surface areas

on the microstructure and composition of LPBF-fabricated IN718 parts. It is hypothesized that a higher
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level of homogeneity in microstructure and composition can be achieved among different regions of the
LPBF-processed part using a border surrounding the main part. To test this hypothesis, samples surrounded
by borders with different gap values were fabricated and their microstructure and properties were compared
with a sample which was built with the same process parameters but without a border. For all samples,

results were generated from the plane parallel to the build direction and far from the border (side view).

The size and shape of the melt pools were characterized using optical and SEM micrographs for all
three samples, as can be seen in Figs. 4.3 and 4.4. The average dimensions of the width and depth of the
melt pools were generated for each sample with the help of the Image J software from the optical
micrographs. Based on the average values shown in Table 4.2, deeper melt pools were observed for the gap
0.5 sample, whereas shallower pools belonged to gap 2.0 and reference samples, respectively. This can be
attributed to the different heat transfer conditions and cooling rate experienced by samples during the
fabrication process. For gap 0.5 and gap 2.0 samples which are surrounded by a border, heat transfer is
restricted in the lateral direction (perpendicular to the build direction) while reference sample can undergo
heat dissipation in both lateral and vertical (parallel to the build direction) directions freely. Therefore, for
samples surrounded by border, heat transfer occurs more along the build direction compared to reference
sample. This leads to a steeper thermal gradient in the build direction which allows the melted powder to
penetrate deeper. Consequently, overlapping of the melt pools can occur and formation of new melt pools
with bigger dimensions is possible (Fig. 4.13). Fewer melt pools per unit area exists due to the merging of
smaller melt pools. This outcome is consistent with previous studies by Mostafa et al. [4] and Jia and Gu
[13], where they reported the formation of deeper and wider pools due to a steep thermal gradient and laser

overlapping [5,14].
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Figure 4.13.0verlapping of melt pools results in formation of bigger pools (overlapped regions are
highlighted)

Regarding the effect of the gap between the main sample and the border on the melt pools’
dimensions, the same logic can be followed. As the gap between the main sample and border is reduced,
the heat generated by laser is confined for longer time and heat dissipation rate is reduced. The smaller the
gap, the longer the solidification time in the horizontal direction and the more time molten metal can
penetrate vertically. In other words, when the gap is smaller, the ratio of heat transfers in the vertical
direction (build direction) to the lateral direction is higher compared to larger gap values. Therefore, for the
sample fabricated with smaller gap (gap 0.5 sample), bigger melt pools are formed as conditions are better
for the melt pools to merge. It should be noted that the thermal gradient can affect the level of homogeneity
of the melt pools. Higher thermal gradient in the build direction compared to the other directions brings
about more regular melt pools. As a result, more regular melt pools can be observed for gap 0.5 sample
which experienced the steepest thermal gradient in build direction. It has been shown that the melt pool
geometry plays a significant role in grain size and grain structure. In this case, the flow of heat transfer
opposite to the build direction occurs for the shallower melt pools during the solidification process, while
for deeper melt pools the heat transfer is controlled by the local orientation of the melt pool boundary [11].
Moreover, melt pool boundaries can affect the microscopic slipping under loading conditions, fracture
mode, level of anisotropy, and ductility of LPBF-processed parts [42]. Therefore, different dimensions and
orientations of melt pools formed in the samples fabricated in this study, can lead to different mechanical

properties. A case in point is fracture of LPBF-fabricated parts under tensile loading which originates from
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cracks formed at the melt pool boundaries [42]. One can infer that with larger melt pools formed in the
samples fabricated with border, the probability of failure under tensile loading would be decreased. It should
be noted that in terms of width, gap 0.5 sample has also widest pools which can be attributed to the
overlapping of pools. However, wider pools were found for the reference sample in comparison with gap
2.0 sample. It can be inferred that overlapping didn’t occur completely for the gap 2.0 sample, but still
elongation in vertical direction because of the higher thermal gradient resulted in deeper but narrower pools

with respect to the reference sample.

Regardless of the dimensions, the structure of the melt pool boundaries (MPB) is visible in SEM
micrographs. As can be seen in Fig. 4.4, melt pools are separated with stronger boundaries for gap 0.5
sample compared to the other two samples, with discontinuity being formed along the boundaries
particularly for reference sample. The difference observed between the structure of the MPBs is rooted in
the fabrication process of LPBF. Generally, the way that a part is fabricated through LPBF method is a
cumulative process of laser scanning tracks and melting the powders which forms melt pools. Thus, some
of the melt pools formed in the previous layers remelt and solidify repetitively due to the heat penetration
into the bottom layers. These areas are called Heat Affected Zones (HAZ) which was also reported in
previous studies [43—-45]. Near the HAZ, the boundary of melt pools can be broken and extended as some
areas may experience overlapping of melt pools. Consequently, new boundaries are formed with different
structures compared to the initially formed boundaries. As discussed before, the formation of new melt
pools originated from overlapped initial melt pools and this tends to happen more for gap 0.5 sample. Thus,
we expect to see a different structure for MBS’ between samples, with stronger and weaker bonds
corresponding to higher and lower possibility of overlapping being formed as MPBs for gap 0.5 and
reference samples, respectively. As mentioned earlier, the tensile strength of LPBF-processed samples are
dependent on the bonding quality of the pools, and it can affect the mechanical properties. Considering only

this feature, higher tensile strength is expected for the gap 0.5 sample.
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The microstructure of the samples fabricated in this study are columnar grains that line up relatively
parallel to the build direction as shown in Fig. 4.5. This outcome is consistent with results mentioned by
previous studies [14,29,42,46,47]. Due to the complexity of the LPBF process and phase transformations
occurring during solidification, besides the process parameters, build geometry/layout combined with heat
transfer condition are several factors that can affect the grain size, structure, and orientation [48]. Formation
of columnar grains can also be attributed to the high thermal gradient towards the baseplate as the heat
dissipation through conduction is the dominant mode of heat transfer during LPBF. The alignment of
columnar grains is more parallel to the build direction for gap 0.5 sample, while there is an inclination for
the two other samples. As mentioned previously, high thermal gradient parallel to the build direction is the
main cause for formation and elongation of columnar grains in this direction. As a result, we can expect to
see a higher level of alignment parallel to the build direction for high thermal gradient. Based on the
condition of fabrication, gap 0.5 sample experiences higher thermal gradient towards the baseplate since
the lateral heat transfer is more limited in this case due to the less gap value between the sample and border.
Therefore, less inclination in grain orientation can be seen for gap 0.5 sample. This is also consistent with
the previous observations where it is reported that columnar grains may orient with the angle of 35-40° to
the building direction in lower power or low thermal gradient conditions [47]. However, this is not the only
difference that can be found from Fig. 4.5. Stronger bonds are formed between grain boundaries for gap
0.5 sample whereas discontinuities can be observed in columnar dendrites for the other samples. With the
confinement of heat in gap 0.5 sample, an increase in the amount of heat and power is transferred through
build direction, high temperatures are maintained for longer periods within the melt pool. This can bring
about more internal energy and thermodynamic potential leading to stronger epitaxial growth which results
in the formation of stronger grain boundaries. This phenomenon is reported by Jia and Gu [14] where they
found disconnected dendrite structure for lower energy density and strong bonding in columnar
architectures for higher energy density. When it comes to the structure of the grains, a combination of
cellular and band structure can be observed for the columnar grains formed in gap 0.5 sample while grains
in two other samples have dendritic structure. It has been revealed that at certain growth rates, increase in
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temperature gradient results in structural transformation from dendritic to cellular. Therefore, it makes sense
if we see more of a cellular structure in some regions for gap 0.5 sample which undergoes the highest
thermal gradient. However, formation of band structure is a little more complex. Formation of band
structures requires several steps including conversion of regular cell structure into elongated cell structure
and finally formation of columnar cells into bands. Zhou et al. [49] investigated this phenomenon for 316
L steel fabricated by LPBF and were in the opinion of inability of current theoretical statements in justifying
this transformation. They claimed that this phenomenon has nonlinear self-organization behavior, and it
can be attributed to a high Marangoni convection that happens at the front of the solid-liquid interface. They
proved that for a high temperature gradient, the molten fluid can flow at the melt pool edge area and band-
like structure can be formed from the pool’s edge toward the center. They observed this structure at the
horizontal plane while the same thing can occur in the vertical direction. However, as they mentioned, since
the temperature gradient in melt pools are asymmetrical and can vary based on the conditions, cellular,
columnar cells, and band-like structure can be formed simultaneously. This explains the formation of band-
like structures in areas of gap 0.5 sample which has the highest thermal gradient with cellular grains
surrounding the band structure. It should be noted that, to the knowledge of authors, this is the first time

that this phenomenon is discussed for IN718 LPBF-fabricated samples.

Fig. 4.6 shows the representative grains for the three samples in a broader area, with the potential
grain boundaries being specified by white dotted lines. The different growth orientation between dendrites
or different structure in sub-grains was used to define boundaries. Due to the competitive growth between
grains, some grains stopped growth after colliding with adjacent grains. Grains formed in gap 0.5 and gap
2.0 samples possess higher aspect ratio than reference sample. This is because of elongation of grains in
the building direction and formation of more columnar structures in samples surrounded by border. This
observation can be attributed to the fact that higher thermal gradient in building direction experienced by
samples confined with borders provides conditions for growth of grains in the same direction. Moreover,

the alignment of grains parallel to the building direction can be observed more in gap 0.5 sample which
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undergoes the highest thermal gradient. This is consistent with previous observations in which the high
temperature gradient results in an epitaxial solidification phenomenon that is required for grain growth
beyond the melt pools’ boundaries [29]. In terms of structure, a combination of cellular and dendritic
structure can be observed for gap 0.5 sample compared to the other samples where the dendritic structure
is the dominant structure. This is consistent with the previous observations discussed here. When it comes
to the grain size, finer grains formed in reference sample when compared to the samples surrounded by
border. This result was expectable since we know as the solidification rate increases, the grain size
decreases. For reference sample, the heat can dissipate faster as it is not confined laterally and therefore the
epitaxial solidification cannot continue for a long time. Thus, finer grains are formed in this case. On the
other hand, between samples surrounded by border, gap 0.5 sample (smaller gap) has finer grains. We know
that the morphology and size of grains are affected by two main factors, solidification rate and temperature
gradient [50]. Therefore, different combinations of cooling rate and temperature gradient result in various
grain size. As mentioned before, less value of gap results in higher thermal gradient in the building direction.
The smaller average grain size observed for the sample fabricated with less border’s gap can be attributed
to the higher thermal gradient experienced by this sample. However, more investigation is needed to explore
the exact phenomenon for this case. It should be noted that grain size can directly affect the mechanical
properties as the high correlation has been reported between strength and yield stress with the grain size
(Hall-Petch relationship) [51]. A lower strength is expected for the samples fabricated with border, but due

to the reduction in grain boundaries, an improvement in ductility can be achieved.

Fig. 4.7 shows the representative pictures for the three samples, with surface porosities were shown
by white arrows. In this case, gap 0.5 and reference samples had the least and most value of surface porosity,
respectively. It has been shown that formation of porous areas in LPBF process rooted in accumulation of
molten metal due to the high value of dynamic viscosity [14]. As the flowability of the molten fluid
increases, the probability of pore formation decreases. Based on the similar logic discussed throughout this

section, higher thermal gradient in the building direction provides more flowability for the molten liquid
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and it can flow smoothly. On the other hand, the possibility of cooling in all directions exists for reference
sample can lead to the non-homogeneity in thermal gradient and preventing a smooth flow for the molten
liquid. Hence, looking at the side parallel to the building direction, the level of densification for reference
sample is less than two other samples. The low level of porosity was observed for gap 0.5 and gap 2.0
samples compared to reference sample can be reported as a significant outcome resulted from the innovative
condition of fabrication considered in this study. It has been revealed that one of the major disadvantages
of the LPBF technique is manufacturing parts with a high level of porosity [18]. However, in this study, it

was shown that the level of densification can be improved by limiting the convection heat transfer.

Fig. 4.8 represents the formation of different precipitates in all three samples. Based on the results,
the main y phase and three secondary phases of y”, MC carbide and & phases were identified for all the
samples. However, the level of precipitation and distribution of the phases were different among the
samples. The y” phase (Ni3Nb with BCT crystal structure), which is one of the secondary phases accounts
for the main strengthening phase [52], was observed to form in higher level with more uniform distribution
in the samples fabricated with border. This implies higher strength and hardness properties for these
samples. On the other hand, higher level of formation of carbide and & phase was seen for the reference
sample. It has been revealed that formation of these phases is detrimental for mechanical and corrosion
properties [53]. The less formation of these phases in the samples fabricated with borders can be attributed
to the heat accumulation during the fabrication process. It has been reported that exposing IN718 samples
to high temperatures for longer time delays the formation of  phase into the matrix. It also leads to the Nb
separation removal, which is the main element for the formation of carbides [54]. This thermal condition
was experienced more by the samples fabricated with border and thus less precipitation of 6 and carbides
can be expected. The y (111) and y (200) phases were identified as the dominant phases of all three samples
based on the XRD data shown in Fig. 4.9. This outcome is widely reported in the literature [5,6,40,55]. The
overlapping of (002) and (022) y” peaks with y phase at the same orientation is evidence of formation of

the precipitates in a columnar microstructure parallel to the principal y phase. This phenomenon has been
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mentioned in the previous studies [5,6]. However, the formation of columnar microstructure parallel to the
building direction can be investigated through comparison of y (200) and y (111) phases, with higher y
(200) volume percentage showing a stronger columnar structure in the vertical plane (parallel to the build
direction). Based on the ratio of y (200) to y (111) phase calculated for each sample, gap 0.5 sample has the
strongest columnar structure with the volume portion of vy (200) phase exceeding that of y (111). In contrast,
the weakest columnar structure belongs to reference sample with the ratio of around 60 percentages. This
is consistent with the observations discussed in this study where more columnar grains formed in gap 0.5
sample due to the higher thermal gradient in vertical direction. We know that formation of columnar grains

leads to the anisotropic behaviors in sample, but higher strength in the direction of grain growth.

The dissolution of secondary phases into the y phase results in increasing the lattice constant of the
matrix. As shown in Fig. 4.11, the maximum lattice constant is obtained for the reference sample. It has the
highest amount of dissolved secondary phases, but a smaller number of precipitates. Conversely, a reduction
in lattice parameter can be seen for the samples fabricated with border which implies more level of
precipitation. In other words, higher level of precipitation associates with decrease in the lattice constant
leading to the decrease in the interplanar distance. Since the wavelength is constant in the Bragg’s law
equation, with decrease in the interplanar distance, the angle of diffraction should be increased. This
outcome is visible in the Fig. 4.10 where the peaks correspond to the gap 0.5 and gap 2.0 samples shifted
to the right side which shows increase in the diffraction angle and can be inferred as more precipitation

level. This change in the proportion of phases can lead to change in strength and ductility of the samples.

A comparison between the samples fabricated with border and reference sample reveals a greater
microhardness value for the former. It has been reported that the hardness of IN718 alloy is mainly
attributed to the precipitation of BCT y” and FCC y' phases, with the effect of y” phase being dominant due
to the larger misfit with y phase [55]. This can be observed for the gap 0.5 sample with highest level of
precipitation (due to the reduction in lattice parameter) and highest hardness value, followed by gap 2.0

sample. Also, it has been reported that with increase in overlap between the melt pools, more localized
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reheating occurs cyclically which resembles the heat treatment process. This, in turn, facilitates the
dispersion of fine y” particles more evenly in these areas [6,18,56] and results in higher hardness values. A
similar scenario takes place in the current study, where the overlapping of melt pools and higher local
temperature was observed for the samples fabricated with border. Consequently, smaller but more even
distributed y” phases form in the areas surrounded by the border which results in higher hardness values. It
should be noted that as these secondary phases precipitate more evenly but in smaller size among the y
matrix, the XRD analysis may fail to detect all these fine particles. Moreover, formation of more columnar
grains elongated parallel to the building direction can be considered as another factor affects the hardness
value. Since there is a direct relationship between formation of columnar grains and microhardness value
[40], greater hardness value is expected to be seen for gap 0.5 and gap 2.0 samples with more columnar

grain structure.
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5. INNOVAITIVE FABRICATION DESIGN FOR IN-SITU MARTENSITE
DECOMPOSITION AND ENHANCED MECHANICAL PROPERTIES IN LASER POWDER
BED FUSED Ti6Al4V ALLOY

5.1. Introduction and overview

Titanium (Ti) and its alloys possess a wide range of properties that make them highly suitable for
various applications. These properties include exceptional corrosion resistance, a high strength-to-weight
ratio, and remarkable fracture toughness [1-4]. The aerospace and marine industries have long leveraged
these properties to their advantage [1, 5-7]. In addition, the biomedical field has shown a keen interest in
titanium alloys due to their biocompatibility, as they can be used for producing hard tissue replacements
and cardiovascular devices, thereby improving the quality of life for patients [1, 8-11]. Among the titanium
alloys, Ti6Al4V, also known as Ti64, is one of the most versatile and extensively used in these industries.
This alloy not only exhibits the aforementioned properties but is also cost-effective while providing a

performance comparable to that of other titanium alloys [12-15].

Although conventional methods such as casting, forging, and powder metallurgy can yield Ti64
components with comparable mechanical properties [16-20], they are often limited by restricted forging
temperature ranges, deficient formability, high material and equipment costs, and inefficient machining
times, making it difficult to fabricate complex geometries [21, 22]. To address these challenges, Additive
Manufacturing (AM) has emerged as a promising solution, allowing for the fabrication of near-net-shaped
components using materials like Ti64, while still maintaining superior or comparable strength levels [23,
24]. Among the AM techniques, Laser Powder Bed Fusion (LPBF) is particularly suitable for
manufacturing complex 3D geometries requiring precision, and has been extensively utilized for producing
a variety of metallic materials [25-29], with Ti64 being a popular candidate [30-34]. LPBF has the capability
to produce Ti64 components that exhibit a wide range of distinct crystallographic phases and
microstructures, resulting in a more efficient and productive manufacturing process [22]. Given the growing
popularity of LPBF as an AM method, numerous studies have been conducted to analyze the composition,

microstructure, and mechanical properties of LPBF Ti64.
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The field of LPBF Ti64 fabrication has been extensively researched, with multiple studies
exploring ways to improve the mechanical properties of the produced components by adjusting the
processing parameters. One example of such research is the study conducted by Khorasani et al. [35] which
examined the correlation between laser process parameters, density, and hardness of Ti64. The researchers
found that laser power had a direct impact on the hardness and density of the material, whereas the
relationship between scanning speed and these properties was inverse. Maleki et al. [36] used a neural
network model to optimize the process parameters and enhance the mechanical properties of Ti64. The
analysis revealed that the laser process parameters had the same effect on yield and ultimate tensile
strengths, with scanning speed having the most significant impact on the variation of yield and ultimate
tensile strengths, followed by laser power and hatch spacing. In a study conducted by Plessis [37], The
formation of defects in LPBF Ti64 was examined under the influence of process parameters. The study
found that increasing laser power resulted in more keyhole formations, while higher scanning speeds
offered a safer processing window for avoiding pore formation. However, despite these studies' efforts to
optimize the processing parameters for LPBF Ti64 fabrication, there are limits to adjusting the material's

properties due to the microstructure's inability to change.

In recent years, attention has shifted towards techniques aimed at promoting decomposition of
needle-shaped o martensite and hence improving the final mechanical properties of LPBF processed Ti64
[38-42]. For instance, Liu et al. [43] achieved improvements in both tensile strength and ductility of LPBF
processed Ti64 by tailoring the process parameters to limit o’ martensite formation. A similar study by Xu
et al. [44] obtained in-situ martensitic decomposition by fine-tuning the LPBF fabrication parameters,
particularly the laser focal offset distance, resulting in strong and ductile Ti64 parts. Heat treatment has also
been investigated as a way to promote decomposition and improve the mechanical properties of LPBF-
fabricated Ti64 [45-48]. Nevertheless, this method has been found to be time-consuming and expensive,
and may even lead to a loss of strength for the part [45, 47, 49, 50]. While the studies on promoting

decomposition of ' martensite have shown improvements in the mechanical properties of LPBF-processed
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Ti64, they have required significant optimization of process parameters and machine-dependent variables
using design-of-experiment approaches and trial-and-error attempts. Despite these efforts, the resulting
level of improvement may not meet the set requirements of critical industries, indicating a need for further

research in this area.

In our previous study on spatial heat transfer conditions during LPBF [51], we found that regions
near the surfaces of fabricated parts experience more convection heat transfer, resulting in microstructural
inhomogeneity. To address this issue, we designed a border surrounding the main part during LPBF in
another study [52] to control heat transfer and achieve a more homogeneous microstructure and
composition. Building upon this success, we conducted a new study to investigate the potential of this
method for in-situ martensitic transformation during LPBF of Ti64, with the goal of improving its
mechanical properties, such as microhardness and ductility, without compromising ultimate tensile
strength. This approach involves designing the border to mitigate undesirable convection heat transfer near
the part surfaces, which could lead to in-situ martensitic transformation, thereby improving the mechanical
properties of the Ti64 parts. Our study aims to contribute to the development of LPBF processing techniques

that can improve the mechanical properties of critical components used in various industries.

5.2. Fabrication and Experimental Procedure
5.2.1. Powder Preparation and Fabrication

In this study, gas-atomized Ti64 (grade 5) powder was obtained from EOS North America
(Pflugerville, TX, USA) for sample fabrication. Prior to fabrication, the powder underwent particle size
analysis using scanning electron microscopy (SEM), as shown in Figure 5.1. The SEM images were
analyzed using Image J software to determine the distribution of the powder, revealing an average particle
size of approximately 22 m [53]. Moreover, the powder analysis indicated that the majority of the particles
had a spherical shape, which is favorable for achieving a high packing density during LPBF processes [54,

55]. The spherical shape of the powder particles can also improve flowability, reduce powder accumulation,
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and enhance uniformity during the powder deposition process, ultimately leading to improved mechanical

properties of the fabricated parts [56, 57].
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Figure 5.1.Characterization of EOS Ti64 Grade 5 powder through (a) SEM micrograph and (b) particle
size distribution analysis.

Samples were designed using Solidworks (Dassault Systemes, Vélizy-Villacoublay, France) in
cube shapes with dimensions of 9 mm x 9 mm x 9 mm and dog-bone specimens with specific dimensions
according to the ASTM E8/E8M standard [58], as shown in Figures 5.2 and 5.3. To study the influence of
the surrounding borders with different gap distances between the main sample and its associated border, a
range of gap values of 0.5, 1.0, 2.0, 3.0, and 4.0 mm were considered for the samples. Samples with the
same geometry but without a border were also designed as Reference samples. Table 5.1 summarizes the
parameters of all the samples, including sample name, dimensions, geometry, and distance between the
sample and its border. These parameters were carefully chosen to ensure that the results of the study are
reliable and can be easily compared and reproduced in future research. Since the microstructure observed
in the samples Gap 3.0 and Gap 4.0 closely resembled that of the Reference sample, it was determined that
the Reference sample would be selected for the mechanical properties analysis as a representative of these
specimens.

The fabrication process was performed using an EOS M290 LPBF process printer (EOS GmbH,
Electro Optical Systems, Krailling, Germany) with a 400 W Ytterbium fiber laser. The process parameters

recommended by the manufacturer, including a laser power of 285 W, hatch distance of 110 pm, scanning
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speed of 960 mm/s, layer thickness of 40 um, and stripes scanning strategy with a hatch angle of 67°, were
applied for all the samples. The samples were fabricated in an argon atmosphere to prevent oxidation of the
Ti64 powder. The temperature of the build plate was maintained at 80 °C during the fabrication process to
reduce the thermal gradient within the first few layers. For samples surrounded by a border, both the main
part and the border were laser scanned and fabricated at the same time as a single part. To ensure the
effectiveness of the heat transfer control at the border, a standardized approach was adopted for all samples
in the present study. The fabrication process involved first constructing the border for each sample, followed
by the fabrication of the associated main part. This consistent methodology was applied to maintain
uniformity and accurately assess the impact of the border on heat transfer. The as-built specimens were
removed from the building plate using a wire Electrical Discharge Machining (EDM) cutter (EDM

Network, Inc., Sugar Grove, IL, USA).

Figure 5.2.LPBF-built samples designed for (a) microstructural analysis and (b) tensile testing.

Table 5.1.Geometry and dimensions of fabricated samples.

Type of Sample Dirizzzforns / Gap Between
Sample Name  Geometr Dimensions Thickness Sample and
y (mm) (mm) Border (mm)
Ref. (Reference Cubic 9x9x9 (wxIxh;) - -
sample)
Gap 0.5 Cubic 9x9x9 (wxIxh) 9x2 (Hxty) 0.5
Gap 1.0 Cubic 9x9x9 (wxIxh) 9x2 (Hxt) 1.0
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Gap 2.0 Cubic 9x9x9 (wxIxh) 9x2 (Hxt) 2.0

Gap 3.0 Cubic 9x9x9 (wxIxh) 9x2 (Hxt) 3.0
Gap 4.0 Cubic 9%x9x9 (wxIxh) 9x2 (Hxt) 4.0
Ref. (Reference Dog- As depicted i i
sample) bone
Dog- .
Gap 0.5 bone As depicted 2x2 (Hxt) 0.5
Dog- .
Gap 1.0 bone As depicted 2x2 (Hxt) 1.0
Dog- .
Gap 2.0 bone As depicted 2x2 (Hxt) 2.0

1: w, I and h are width, length, and height of the main sample, respectively.
2: H and t are height and thickness of the border, respectively.

Figure 5.3.Schematic representation of tensile samples used in this study.

5.2.2.Experimental Procedure

For microstructure analysis, the cubic samples were sectioned using a TECHCUT 5™ precision
low-speed cutter (Allied High-Tech Products, Inc., Rancho Dominguez, CA, USA), with the cutting plane
parallel to the build direction. An area of 3 by 3 mm at the center of the cutting section, close to the border,
was used for microstructural analysis for all the samples. Scanning Electron Microscopy (SEM) was
performed using a Hitachi S-3000 N variable pressure (Hitachi, Santa Clara, CA, USA). To prepare the
samples for SEM, they were first mounted into a mixture of epoxy resin and hardener, followed by grinding
and polishing using an E-prep 4™ polisher (Allied High-Tech Products Inc., Rancho Dominguez, CA,
USA). The grinding process was conducted using carbide (SiC) abrasive disks ranging from 180 to 1200
Grit sizes. The surface of the samples was checked for scratch patterns using magnifier lenses of a
metallographic microscope XJP- H100 (Amscope, Irvine, CA, USA), and the grinding was repeated for

each step until a uniform scratch pattern was achieved. The first polishing step was performed on a DiaMat
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polishing cloth with frequent addition of 1 pm diamond suspension droplets. For the final polishing step,
0.04 um colloidal silica suspension was spread on a Red Final C polishing pad. After polishing, samples
were rinsed in Micro Organic Soap, cleaned using isopropyl alcohol, and finally dried by compressed air.
Prior to microstructural tests, samples were etched for a few seconds using Kroll’s Reagent (1-3 mL HF,

2-6 mL HNO3, 100 mL water).

A Bruker D8 Advance X-ray diffractometer (Bruker Corporation, Madison, WI, USA) was used to
perform compositional analysis of the samples. The Cu K-alpha X-ray source had a wavelength of 1.5406
A, a current of 40 mA, and a voltage of 40 kV. Measurements were taken at room temperature with step
intervals and scan speeds of 0.04° and 1 s/step, respectively, as 20 varied between 30° and 70°. The volume
fraction of each phase was calculated using equation below [59], where Ai represents the total integrated
area of each phase and Y Ai is the total area of all phases. XRD diffractograms were analyzed and the
integrated area of each phase was calculated using X'Pert HighScore Plus software (Malvern Panalytical
Ltd, Westborough, MA, USA) equipped with ICDD PDF-2 databases (International Centre for Diffraction

Data, Newtown Square, PA, USA).

A.
Vri =5

Vickers hardness measurements were taken at 10 marked locations along the build direction, and
their average values were reported for all samples. The measurements were conducted using a LECO LM
300 AT Micro Hardness Tester (LECO, St. Joseph, MI, USA) with an indentation force of 1 kg, and the

indentation was applied for 10 seconds in accordance with ASTM E92 standard [60].

The tensile tests were conducted using a Shimadzu EHF E-series (100 KN) machine equipped with
a 4830 Servo Controller (Shimadzu Scientific Instruments, Inc., Missouri City, TX, USA) at a constant
loading rate of 1.2 mm/min. Digital image correlation (DIC) was employed to obtain full-field strain
measurements and evaluate localized strains during the tests. A random, high-contrast speckle pattern of

black micron-sized speckles on a white basecoat was used for the DIC analysis. The specimen surface
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displacements and strains were calculated by tracking the light intensity patterns corresponding to the
speckle pattern using a Grasshopper3 GS3-U3-23S6M CCD camera (FLIR Systems, Inc., Santa Barbara,
CA, USA) with a pixel array of 1920x1200 pixels. The VIC-3D® correlation software (Correlated
Solutions, Inc., Irmo, SC, USA) was used for image processing and correlation analysis. A region of interest
covering the entire gauge length of the samples was selected for analysis, with a subset size and step size

of 9 mm and 1 mm, respectively, to achieve the highest accuracy.

5.3. Results
5.3.1. Microstructure analysis
5.3.1.1. Porosity Analysis

The level of residual porosity for all the samples was analyzed by examining SEM micrographs
taken from 20 different areas of each sample. Figure 5.4 shows a representative SEM image for the
Reference and Gap 0.5 samples, which respectively had the highest and lowest porosity values. Using data
analysis, we calculated the average porosity percentage for all the samples, as shown in Figure 5.5. While
there was relatively high variation among each sample, the average porosity percentage followed a general
trend. Specifically, we observed an increase in the level of porosity with an increase in the gap distance
between the sample and border. However, regardless of the gap distance, the average rate of residual
porosity was lower for all the samples fabricated with a border compared to that of the Reference sample.
Notably, for the Gap 4.0 sample, some micrographs showed the formation of pores that were greater than

the average porosity calculated for the Reference sample.

We also calculated the average pore size for all the samples, which is shown in Figure 5.6. Similar
to the residual porosity, we found a general trend for the size. However, the average pore size for the Gap
0.5 sample was significantly smaller than all the samples, with only minor variation being observed for the
rest of the samples fabricated with a border. Regardless of the gap distance, the Reference sample possessed

the highest average pore size. Overall, the results suggest that the use of borders during LPBF process can
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significantly reduce the occurrence of porosity and improve the quality of fabricated parts, with the optimal

gap distance being 0.5 mm.

WDL6M 3 mmi 2510 kVAx 800,

50 pm : WD Omm 25 HORVAXE00

50 pm

Figure 5.4.Representative scanning electron microscopy (SEM) micrographs showing the distribution of
pores for the a) Reference, and b) Gap 0.5 samples.
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Figure 5.5.Comparison of average porosity levels between samples fabricated with various gap distances
between the sample and border, and the Reference sample.
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Figure 5.6.Examining the correlation between pore size and gap distance between the sample and border,
as compared to the Reference sample.

5.3.1.2. Lath Thickness Analysis

The microstructure of the samples was examined in detail by capturing SEM images from 20
different regions of each sample. The resulting micrographs revealed that the morphology and proportion
of the phases (i.e., 0, o, and ) varied to some extent between samples. The most significant variation was
observed between the Reference and Gap 0.5 samples. The former mainly consisted of acicular o' phase,
whereas the latter contained a mixture of a + 3 basket-weave matrix, lamellar o, and acicular o’ (see Figure
5.7). The microstructure of the other samples fell between these two cases, with varying proportions of the
different phases. Specifically, the Gap 1.0 and Gap 2.0 samples exhibited a greater prevalence of acicular-
like o phase, with a reduction in the formation of o + f matrix. Additionally, the microstructure of the Gap
3.0 and Gap 4.0 samples was similar to that of the Reference sample, as almost entirely acicular o’

morphology was observed for these samples.

The impact of the border gap on the size of the o/a’ phase formed in the samples was investigated
by measuring the thickness of a/a’ lamellar/acicular instances in the SEM micrographs. Figure 5.8 presents

the results, which indicate that the average thickness of o/a’ increased as the gap value decreased.
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Furthermore, the average lath thickness was higher for all samples fabricated with a border compared to
the Reference sample. These results suggest that the border gap has a significant impact on the formation

of the a/a’ phase and the microstructure of the samples.
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Figure 5.7.The evolution of different phases in the a) Reference and b) Gap 0.5 samples was analyzed
using SEM images. The Reference sample mainly consisted of acicular o' phase, while the Gap 0.5
sample contained a mixture of a + f basket-weave matrix, lamellar a, and acicular o
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Figure 5.8.The comparison between border samples and the Reference sample reveals that the average
thickness of o/a’ increases as the gap distance between the sample and border decreases.
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5.3.2. Compositional analysis
5.3.2.1. Energy Dispersive Spectroscopy (EDS) Analysis

Energy Dispersive Spectroscopy (EDS) analysis was used to compare the chemical composition of
all samples. While this technique provides only semi-quantitative results and cannot offer high accuracy
for the chemical composition of samples, it serves the comparative purpose among samples [61]. To ensure
comprehensive analysis, 30 instances of the a lamellar/a’ acicular phase were selected for each sample and
the vanadium content was sleeted to be compared among samples. The results of the analysis are presented
in Table 5.2, which shows that the vanadium percentage was lowest for the Gap 0.5 sample and increased
as the gap value became larger. Conversely, the o/a’ needles in the Reference sample had the highest content

of vanadium regardless of the gap size.

Table 5.2.Comparing Vanadium Composition in o/a.’ Phase: Various Samples. The vanadium percentage
exhibited an increase with increasing gap value, but remained lower compared to the Reference sample.

Sample V (Weight %)
Reference 4,62 +0.16
Gap 0.5 3.38+£0.17
Gap 1.0 4.11+0.15
Gap 2.0 4.30£0.22
Gap 3.0 4.40+0.20
Gap 4.0 4.56 £0.20

5.3.2.2. X-Ray Diffraction (XRD) Analysis

Figure 5.9 illustrates the X-Ray Diffraction (XRD) patterns of the Reference sample and parts
fabricated with border, with the spectrographs displayed for the 26 angles between 30 and 70°. The XRD
patterns obtained from the samples showed similarity to those reported for Ti64 LPBF processed specimens
[62-65]. The dominant crystallographic phase in all the samples is the hexagonal close-packed (hcp) a/o
phase, with minor peak(s) attributed to the 3-Ti phase. It should be noted that the similar lattice constant
and crystal system of a and o’ phases make them difficult to distinguish using XRD data [65, 66]. Although

the spectrographs for all the samples follow a similar pattern, a few differences exist between some of the
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samples. Comparing the position of the main a/a’ peak (around 26=40.5°) for all the samples, the largest
discrepancy is observed between the Reference and Gap 0.5 sample. Specifically, the peak for the Gap 0.5
sample is shifted towards lower angles compared to the Reference sample, with this difference decreasing
as the gap value increases. Concerning the B phase peaks, a weak peak (at 26=39.5°) was detected in the
XRD patterns of the Reference, Gap 3.0, and Gap 4.0 samples, reflecting a low content of this phase. In
contrast, the XRD pattern of Gap 0.5, Gap 1.0, and Gap 2.0 samples revealed a noticeable peak at 26=39.5°,
indicating a higher content of the B phase in these samples. Notably, the highest content of the  phase is
expected for the Gap 0.5 sample, as indicated by the additional peak attributed to the § phase (at 26=57.5°)
present in its XRD pattern. Table 5.3 provides the B phase content of all the samples, determined by

guantitative analysis of their XRD patterns.

—Ref.

@ /o’ phase —Gap 0.5

® —Gap 1.0
& [ phase Gap 2.0
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® Y —Gap 4.0
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Angle (20)

Figure 5.9.X-Ray Diffraction (XRD) spectrographs for the samples, showing slight variations in the
position of the main a/o’ peak. The largest discrepancy is observed between the Reference and Gap 0.5

samples. The f phase content is higher in the border samples, with the presence of an additional p phase
peak at 20=57.5° in the Gap 0.5 sample indicating its highest content.
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Table 5.3.Quantitative analysis of the XRD patterns with their possible corresponding microstructure.

Sample Reference Gap 0.5 Gap 1.0 Gap 2.0 Gap 3.0 Gap 4.0

B phase 0.23 4.39 2.18 1.58 0.86 0.87
(%)
Possible Full o o/+fine o/+lamellar  o'+lamellar Full o Full o
Structure (a+P) (a+PB) (a+PB)

To determine the range of variation in the size of the crystallite size (in this case, acicular o’ or
ultrafine lamellar o) and lattice parameters among the samples, the full width at half maximum (FWHM)
[45] corresponding to the dominant o/a’ peak (at 26=40.5°) and the average ratio of c/a for the hcp structure
were calculated. The Reference and Gap 0.5 samples were selected for analysis to demonstrate the range
of variation. As shown in Table 5.4, the FWHM value for the Gap 0.5 sample was relatively lower,
indicating a larger size of o/a’ phase for this sample compared to the Reference sample. However, there
was no significant variation in the c/a ratio for any of the samples. This indicates that the deviation found
in the XRD for the peak position of the samples was not significant and can be ignored [66, 67].

Table 5.4.Parameters calculated from the XRD patterns for the Reference and Gap 0.5 samples. FWHM

for Gap 0.5 sample was lower, indicating larger a/o’ phase size than Reference sample. No significant c/a
variation observed, so XRD peak position deviation can be ignored.

Sample/Parameter FWHM cl/a
Reference 0.3936 1.597
Gap 0.5 0.3149 1.598

5.3.3. Vickers Hardness

The microhardness of the samples was determined by measuring the Vickers Hardness (HV) at the
interest region specified in the experimental procedure. Figure 5.10 shows the average HV value of ten
indentations for all the samples. The results indicate a consistent trend in the hardness of the samples. As
the gap value decreased from 4 to 0.5 mm, the hardness increased slightly from 389 to 403 HV. However,
the Reference sample exhibited the lowest microhardness value of 388 HV, regardless of the variation
observed in the hardness values of the specimens fabricated with border. The Vickers hardness values

obtained in this study fall within the range reported in previous publications [66, 68, 69].
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Figure 5.10.The graph illustrates the variation in the average Vickers Hardness (HV) values plotted
against the gap value. The results show a slight increase in microhardness as the gap value decreased
from 4 to 0.5 mm. The Reference sample had the lowest microhardness value of 388 HV.

5.3.4. Mechanical properties

The tensile testing involved the Reference sample, Gap 0.5, Gap 1.0, and Gap 2.0 samples, as
shown in Figure 5.11. It is important to note that the microstructure and composition of Gap 3.0 and Gap
4.0 samples were similar to the Reference sample, hence they were not tested. Although there was a minor
variation in fracture strain values, the ultimate tensile strength (UTS) values differed significantly. Table
5.5 provides the UTS values and strain at fracture for each sample. The Gap 0.5 sample exhibited an
improvement of about 15% and 9% in UTS and fracture strain, respectively, compared to the Reference
sample. The other two samples fabricated with border also showed slight increases in both parameters

compared to the Reference sample.

The digital image correlation (DIC) technique was used to obtain a more detailed strain analysis of
the samples. Specifically, the strain mapping corresponding to the last frame before fracture (100 ms before
failure) was extracted for all samples. In Figure 5.12, the maximum local strain value and its location where

the fracture initiated are displayed. The maximum local strain value showed a similar trend as the fracture
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strain, meaning that the Gap 0.5 sample had the highest maximum local strain value, followed by the
samples produced with border and the Reference sample. However, the range of variation was higher for
the maximum local strain value. The Gap 0.5 sample experienced a maximum local strain that was about
30% higher than that of the Reference sample and considerably higher than that of the Gap 1.0 and Gap 2.0
samples. This information provides additional insight into the behavior of the samples during tensile testing

and further supports the findings of the ultimate tensile strength and fracture strain results.
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Figure 5.11.Stress-strain plots for the Reference sample, Gap 0.5, Gap 1.0, and Gap 2.0 samples in
uniaxial tensile testing. Gap 0.5 sample showed an approximately 15% and 9% improvement in UTS and
fracture strain, respectively, compared to the Reference sample.

Table 5.5.Tensile test parameters extracted from the stress-strain plots of the samples.

Sample UTS (MPa) Fracture Strain (%)
Reference 1046.70 6.48

Gap 0.5 1202.53 7.07

Gap 1.0 1151.68 6.92

Gap 2.0 1091.20 6.68

93



4 0.0515

L

I 0.0479375

0.0%08125 0.0545

0.03725 0.0485
0.0336875 0.0425
0030125

0.0365

0.026%25 0.0305

0023 0.0245

Figure 5.12.The DIC strain mappings corresponding to the frame before fracture extracted for a)
Reference, b) Gap 0.5, ¢) Gap 1.0, and d) Gap 2.0 sample. The Gap 0.5 sample experienced a maximum
local strain approximately 30% higher than that of the Reference sample and significantly higher than
that of the Gap 1.0 and Gap 2.0 samples..

5.4. Discussion

The present study established that incorporating a border surrounding the main sample can
effectively enhance the density level of LPBF-fabricated Ti64 samples. This was verified by SEM
micrograph analysis, which demonstrated that reducing the gap size between the border and the main
sample resulted in higher density and lower average pore size. The observed improvement in density was
attributed to the longer maintenance of molten material at high temperature, which facilitated complete
melting of powders. Interestingly, a longer period of maintaining material at elevated temperatures was
achieved by reducing the gap size, despite keeping the laser power constant for all samples. This finding
aligns with previous studies that reported higher density for LPBF-built Ti64 samples with increased energy
input while maintaining the same laser power [65, 66, 68, 70]. Therefore, this study highlights the crucial
role of optimizing process parameters, including gap size, in achieving high-quality LPBF-fabricated parts.
Superior mechanical properties can be attained by eliminating residual porosity and reducing pore size,

making it an important consideration to note [71, 72].
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The microstructure analysis of the samples revealed a change in the proportion of the o/a’ and
phases, with the largest variation observed between the Reference and Gap 0.5 samples. This change can
be attributed to the cooling rate and the temperature at which the samples undergo cyclic heating and
cooling processes. In particular, the presence of a border helps maintain a higher temperature for a longer
duration during the LPBF process, facilitating the formation of the  phase. Such effect is especially
pronounced in the Gap 0.5 sample, where the border is closest to the sample, resulting in a slower cooling
rate and higher temperature retention. This finding is consistent with previous research that has reported
the formation of the § phase occurring at temperatures above 750°C [73]. The formation of the o + f matrix
in the microstructure of the Gap 0.5 sample is due to the precipitation of the B phase, which causes vanadium
atoms to be expelled from the o' phase, leading to nucleation of o along the boundaries of the o’ phase [44,
69]. This is in contrast to the fully o’ microstructure observed in the Reference sample, which resulted from
a higher solidification rate that was further away from equilibrium [66]. A more detailed explanation of the
variation in phases among samples is provided in the following paragraphs, where the sample composition
is discussed in more detail. Studies have shown that heating and cooling cycles with higher energy density
leads to the coarsening of the a/a’ phases, particularly the acicular o’ phase [33, 74-76]. The thickness of
the o/a’ lath is also reported to increase significantly under heat treatment processes [77]. Research studies
have observed lath coarsening for Ti64 samples when the temperature was higher during heat treatment and
closer to the B transus temperature [50, 78-80]. These observations are in line with the coarsening of the
a/0’ phases for the samples fabricated with a border. As the gap value between the sample and border
reduces, the heat dissipation is minimized, which keeps the sample at a higher temperature during
fabrication. This condition resembles what a sample undergoes during a heat treatment process and
therefore supports the coarsening of the a/a’ lath for the samples surrounded by borders. It is a well-known
fact that coarsening the o/a’ lath in Ti64 results in a higher level of ductility and improvement of fracture

strain [65, 81, 82].
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Comparison of the composition of the o/a’ phase spots in all samples revealed that the average
weight percentage of vanadium decreased for the samples fabricated with a border. This finding indicates
that the decrease in gap value led to a decrease in the proportion of the o’ phase, which contains a higher
percentage of vanadium, and an increase in the proportion of the a phase, which contains a lower percentage
of vanadium. This change in phase composition could be due to two stages of decomposition: the
transformation of the 3 phase into a or o’ during the cooling stage [66, 83], and the decomposition of the o’
phase into o + B due to the consecutive fabrication of layers [44, 84, 85]. These findings are discussed in
more detail in the following paragraph. A study by Gong et al. [61] compared the microstructure of Ti64
samples processed by LPBF and electron beam melting (EBM) and found that keeping the temperature in
the EBM process at a higher level (650-700 °C) facilitates transformation of  to a phase, while the higher
cooling rate experienced in LPBF process results in transformation to o’ phase. This is consistent with the
results observed in the present study, where lower vanadium content (associated with o’ phase) was detected
for samples fabricated with a border compared to the Reference sample. This suggests that by inducing a
border surrounding the sample, the temperature is maintained at a higher level for a longer time, and the
cooling rate is reduced, which resembles a heat treatment process to some extent, particularly for samples
with lower gap sizes (Gap 0.5 and Gap 1.0 samples). Simonelli et al. [86] observed a variation in the
composition of the Ti64 LPBF fabricated samples between areas with different building heights, where
they used a long laser-powder interaction time and found higher fabricated layers to be rich in vanadium
compared to the initial printed layers. This was attributed to the lower cooling rate applied to the initial
layers, achieved by controlling the laser-material interaction time and maintaining the platform's
temperature. This cooling approach exhibits resemblances to the post-annealing heat treatment process, as
it facilitates the decomposition of the initial martensitic phase observed predominantly during annealing,
particularly for the initial layers. In another study on Ti64 [87], applying post-treatment (hot isostatic
pressing) to samples resulted in a reduction in vanadium, as observed for the samples fabricated with a
border in the present study. Although the range of variation seen in the current study is not as high as
applying heat treatment processes, the trend confirms that an appropriate border design can control and
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achieve the desired level of variation. It should be noted that the formation of the a phase with a lower level

of vanadium results in lower residual stress and higher ductility [65, 86].

Upon comparing the XRD patterns of the samples, it was noticed that only Gap 0.5 possessed an
additional peak corresponding to the [ phase, indicating a higher content of the  phase compared to the
other samples (Table 5.3). This suggests that repeated cooling and heating stages during layer-by-layer
fabrication may have led to a decomposition of the o' phase into o and B phases. This decomposition may
have occurred through the transformation of o' into (a + ) structure, or directly into the p phase by heating
above the B transus temperature (995 °C) and changing the hcp crystal into bee [67]. However, based on
the calculated unit cell parameters, there was no significant change in the c/a ratio for the samples,
indicating that the transformation of o’ into p phase was not the main mechanism of decomposition. Rather,
the decomposition of o' into (o + B) structure accounted for the main transformation. In a study by Xu et al.
[44], the decomposition of o’ phase during the LPBF process was investigated, and the effects of layer
thickness, focal offset distance, and energy density on the transformation of this phase were reported. They
found that increasing the energy density improved the in-situ decomposition of o phase into ultrafine
lamellar (a + B) structure. This is consistent with the findings of this study, where the Gap 0.5 sample, with
the highest content of § phase and an o + B structure, was produced using a border to preserve the heat input
at a higher level for a longer time. As the gap value increased, heat dissipation occurred at a higher level,
resembling a lower energy density, resulting in a Full o’ structure found for the Gap 4.0 sample, similar to
the Reference sample. A similar relationship between the energy density and FWHM value was reported
for LPBF-fabricated Ti64 samples. Cepeda-Jiménez et al. [66] showed that the FWHM value reduced with
an increase in energy density, attributed to the gradual transformation of the o’ phase into a and B phases
under the effect of higher energy input. During the decomposition of the o’ phase, vanadium diffused into
the matrix, resulting in the formation of o phase with a coarsened crystal structure, which was seen in the
EDS results showing lower vanadium content for the Gap 0.5 sample. The reduction in FWHM value

indicated the formation of a coarsened structure (o + B) induced by the border and preserved heat input at
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a higher level. Furthermore, the decomposition of o' phase into o and B phases, as observed for the Gap 0.5
sample, led to a decrease in the level of lattice distortion and internal stresses [88, 89], as evidenced by the
shift in the position of the dominant peak towards lower values, indicating a reduction in strain and
improvement in crystallinity [67]. This may have contributed to the outstanding mechanical properties and
higher ductility of the Ti64 LPBF processed parts [44], as observed in the mechanical properties of the Gap

0.5 sample in this study.

The comparison of microhardness values for the samples revealed that those fabricated with borders
had higher hardness, with the Gap 0.5 sample displaying the highest value. This finding aligns with previous
studies on LPBF fabricated Ti64 samples, where an increase in energy density led to a higher level of
density and, in turn, a higher microhardness value [68]. Other studies have also shown that LPBF process
parameter variations have a similar impact on both microhardness and density [35]. Therefore, it was
expected that the samples with borders, which had a higher density level, would have a higher hardness
value. However, it is important to consider the effect of a/a’ lath thickness on microhardness, as an increase
in thickness typically results in a reduction in hardness [65]. In addition, in-situ martensitic decomposition
can also influence the hardness value. For example, studies have shown that heat-treated Ti64 samples with
finer a grains, resulting from in-situ transformation of o' to a phase, have improved hardness compared to
fully martensitic as-built samples [77]. Additionally, a microstructure containing both o and o’ phases
instead of fully o’ phase has been found to increase the microhardness of Ti64 [69]. Taking these findings
into account, the higher level of density and martensitic decomposition found in the samples fabricated with
borders (specifically, the Gap 0.5 sample) exceeded the effect of lath thickening and resulted in an increase

in the microhardness value.

The stress-strain curves of the samples indicate that the parts fabricated with border exhibit higher
tensile strength and elongation compared to the Reference sample. The use of borders also results in more
ductile behavior, as confirmed by DIC analysis, which showed a considerably higher local fracture strain

for the Gap 0.5 sample. It is known that the mechanical properties of Ti64 depend on the thickness of its
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constituent phases, the level of defects, and the size of the a/a’ phases [50, 69, 90, 91]. It is well-established
that increasing the thickness of the o/a’ lath in Ti64 results in lower strength but higher ductility [44, 65,
77, 92]. However, the effect on strength and ductility is not equal. In fact, Galarraga et al. [93] found that
coarsening the o/a’ phases has a greater impact on improving ductility than reducing the ultimate tensile
strength (UTS). Therefore, it can be inferred that the higher average thickness of a/a’ acicular/lamellar
phases in the samples fabricated with border led to an improvement in ductility while having only a minor
effect on UTS. In addition, to enhance the ductility of Ti64, it is crucial to reduce the occurrence and size
of defects in the samples, especially the micro-pores that form at the interlayers, as they can ultimately
result in microscopic cracks and catastrophic failure. These pores have a detrimental impact on the ductility
of Ti64 and can lead to the formation of microscopic cracks, which ultimately result in failure [43, 94, 95].
This finding is supported by Yan et al. [80], who also attributed the enhancement of ductility in Ti64 LPBF-
processed samples to the removal of internal defects. While previous studies have shown that the
improvement in ductility of Ti64 resulted in a reduction in ultimate tensile strength (UTS) [41, 50, 65, 69,
91], in the current study, the use of borders surrounding the main sample resulted in improvements in both
ductility and UTS. Of the factors affecting the mechanical properties of Ti64, variations in microstructure
and crystal system, resulting from phase changes, have the most significant impact [91]. Improved ductility
of Ti64 without sacrificing its strength can be achieved through controlling a microstructure that includes
lamellar (o + B) [78, 96]. In a previous study, an ultrafine lamellar (o + ) microstructure was achieved
through in situ martensite decomposition, resulting in significantly better UTS and ductility compared to
as-built LPBF fabricated samples [44]. In the current study, the use of borders surrounding the main sample
led to the formation of thicker o/a’ acicular/lamellar phases and a lamellar (o + ) microstructure. While
the former negatively impacted UTS, the latter increased strength. Despite some variation in lath thickness,
the lamellar (o + B) microstructure ultimately outweighed the effect of lath size and resulted in superior
mechanical properties for the samples fabricated with borders. Gap 0.5 had the highest elongation and
strength among these samples. Additionally, a previous study by Zhou et al. [97] found that increasing
energy density improves Ti64 strength, which aligns with the current study's observation that the sample
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with the lowest gap value (experiencing higher temperature for a longer time) had the maximum UTS. The
finer and higher proportion of (a + ) microstructure in this sample's microstructure confirmed its superior
mechanical properties (Figure 5.7b). In-situ martensite decomposition can be achieved at 400 °C, but this
phase transformation can be further facilitated by maintaining the sample at higher temperatures for a longer
period [44], as observed in the current study. It's important to note that DIC results showed crack imitation,
leading to fracture for all parts, started near the edges of the samples, but no specific trend was observed

for the location of crack imitation among the samples.
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6. CONCLUSIONS AND FUTURE WORKS

6.1. Conclusion

In this study, the properties of two Nickel-based and Titanium-based alloys fabricated via Laser
Powder Bed Fusion (LPBF) were thoroughly examined. The microstructural, compositional, and
metallurgical properties of the samples were analyzed using Optical Microscopy (OM), Secondary Electron
Microscopy (SEM), Energy Dispersive X-Ray Spectroscopy (EDS), X-ray Diffraction (XRD), and Vickers
hardness tests. Mechanical testing and digital image correlation (DIC) analysis were also employed to
substantiate the microstructure findings. Three distinct investigations yielded several outcomes for the

LPBF fabricated alloys.

The first investigation focused on the spatial variation of microstructure, composition, and
metallurgical properties in the NiTi alloy. Upon analyzing the top and side surfaces of the sample, it was
observed that the grains near the surface were finer compared to those further away. From the side view,
larger, elongated grains were found farther from the substrate, while smaller, equiaxed grains were
discovered closer to it. The melt pools exhibited differing characteristics based on their location, and both
the areas near the surface and substrate shared a higher quantity of defects. Precipitates, including Ni-rich
and Ti-rich types, were found near the surface and substrate, and the ratio of austenitic to martensitic phases
varied throughout the sample. The highest hardness values were observed away from the surface and

substrate in both views.

The second investigation delved into the evolution of microstructure homogeneity across the cross-
section of LPBF-processed IN718 parts. A specialized design was used to create cubic samples with and
without borders, and the microstructure was compared among them. Deeper melt pools, denser columnar
grain structures, and lower surface porosity were found in samples fabricated with borders. XRD analysis
confirmed the presence of more columnar grain structures along the build direction and a lower lattice
parameter in samples with borders due to increased precipitation of secondary phases. These samples also

demonstrated higher hardness values.
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In the third investigation, the effects of cubic border design and gap space on the properties of
LPBF-processed Ti64 were assessed. Utilizing a border surrounding the main part improved the density,
with a higher level of density and lower average defect size obtained as the gap space decreased. The
morphology and proportion of the phases were altered by the presence of the border. The microstructure
varied between samples based on gap space, and the thickness of the o/a’ lath increased as the gap value
decreased. The average weight percentage of vanadium decreased in samples fabricated with borders, and
XRD analysis confirmed the presence of different amounts of B phase in the samples. Microhardness
measurements revealed a minor increasing trend as the gap value reduced, with the Reference sample
possessing the lowest value. The stress-strain curves showed higher tensile strength and ductility for
samples fabricated with borders, which was also supported by the DIC analysis. It was concluded that in-

situ martensitic decomposition could be achieved through implementing borders surrounding the parts.

6.2. Future Work

The following suggestions are proposed for future research directions in this field:

o Examine the influence of border geometry on the microstructural adjustment of LPBF samples.

e Investigate the impact of borders on the properties of LPBF parts with complex geometries.

e  Optimize microstructural homogeneity and mechanical properties throughout the height of LPBF-
processed components.

e Explore the effect of borders on the fatigue properties of LPBF-fabricated parts.

¢ Employ finite element analysis to simulate the influence of borders on homogenizing heat transfer

during the LPBF process.
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